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Abstract: In this study, we combined both a high strength Al-8%Zn-3%Mg aluminum matrix and
a reinforcing contribution of Al3Ni intermetallics in Al8Zn7Ni3Mg hypereutectic alloy with a tuned
microstructure via a variation of cooling rates from 0.1 K/s to 2.3 × 105 K/s. Using the Thermo-
Calc software, we analyzed the effect of nickel content on the phase equilibria during solidification
and found out that 7%Ni provides a formation of equal fractions of primary (6.5 vol.%) and
eutectic (6.3 vol.%) crystals of the Al3Ni phase. Using microstructural analysis, a refinement of
intermetallics with an increase in cooling rate was observed. It is remarkable that the structure after
solidification at ~103 K/s across 1 mm flake casting consists of a quasi-eutectic with 1.5 μm Al3Ni
fibers, while an increase in the cooling rate to ~105 K/s after melt spinning leads to the formation of
50 nm equiaxed Al3Ni particles. Under these conditions, the alloy showed an aging response at
200 ◦C, resulting in hardness of 200 HV and 220 HV, respectively. After 470 ◦C annealing, the fibers
in the 1 mm sample evolved to needles. However, in melt-spun ribbons, the particles were kept
globular and small-sized. Overall, the results may greatly contribute to the development of new
eutectic type composites for rapid solidification methods.

Keywords: composite materials; hypereutectic aluminum alloys; Al-Zn-Mg alloys; rapid solidification;
eutectic; CALPHAD; microstructure; intermetallics; precipitation hardening

1. Introduction

Due to the growing demand in strong lightweight materials, numerous studies have been
dedicated to increase aluminum alloys strength. Since the Al-Zn-Mg-(Cu) alloys (7xxx) are the class
of Al-based materials with the highest strength, their application has made advances for years in
aircraft and space components [1,2]. The most common approaches toward the strengthening of 7xxx
alloys are precipitation hardening and work hardening [3–5]. According to [6], conventional 7075
alloy may have 600 MPa tensile strength (T6), while by using the complex alloying and processing
techniques the properties can be further enhanced. For example, according to [7], the von Mises yield
rule of the dislocation theory, based on the yield prediction of the isotropic material under complex
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loading condition, says that they can reach more than 1148 GPa yield strength. This value was partially
confirmed in some studies [8–10], where about 700–900 MPa tensile strength was achieved as a result
of a raise in the overall content (Zn +Mg + Cu), addition of precipitation inoculants like Ag or Sc,
and complex thermomechanical treatment, including cold working or severe plastic deformation.
However, the increase in strength can also be achieved by creating a composite material with a high
fraction of in-situ reinforcing particles [11,12]. The accelerated solidification of the alloys, such as
in the case of melt spinning or selective laser melting (hereafter referred to as SLM), can minimize
the decrease in ductility caused by reinforcing particles, while the strength can be significantly
increased via the Orowan looping mechanism [13] or a load transfer [14]. Therefore, we find it worth
considering to strengthen Al-Zn-Mg alloy using an in-situ particulate reinforcing approach which has
been widely implemented for various Al-based materials.

Aluminum matrix composites (AMCs) have become popular during the last decades,
and nowadays the amount of their demand grows along with the requirements for properties of
products and the technology of their fabrication [15]. Most AMCs are post-produced by the introduction
of ceramic particles (e.g., Al2O3, SiC, AlN, etc.) via casting methods (stir/squeeze casting), powder
and granule metallurgy, combustion synthesis, etc. [15–20]. Nevertheless, their fabrication faces
challenges like difficulty in producing a smaller particle size [15] and poor wettability between ceramics
and molten aluminum [20]. These disadvantages cause strong restrictions on their applications,
especially at a high volume of the reinforcement.

Aluminum-based alloying systems offer opportunities to fabricate AMCs reinforced by particles
formed after natural (in-situ) crystallization which provide their homogenous distribution. For example,
the most common commercial eutectic-based Al-Si alloys share many properties of ceramic reinforced
composites [21]. Since the mechanical properties of the AMCs are tuned by controlling the type, size,
morphology, and volume fraction of the filler, the prevalent number of the Al-Si in-situ composites
are hypereutectic (>12%Si) and fabricated using special techniques providing rapid solidification
(hereafter referred to as RS methods) in order to avoid a coarse primary silicon phase and achieve
a quasi-eutectic microstructure phenomena [22,23]. In this case, the strengthening is provided by
the formation of a homogeneously distributed eutectic mixture.

However, the tensile properties of Al–Si composites are low (e.g., UTS < 200 MPa for consolidated
powder product [24]). Moreover, when it comes to 7xxx alloys, it is recognized that silicon is
a harmful impurity since it causes Mg2Si phase formation which leads to a reduction of precipitation
strengthening [25]. This statement is supported by official data presented in the Aluminium Association
standard, e.g., commercial 7075 and 7068 alloys contain up to 0.4 wt.% and 0.12% Si, respectively [26].

Meanwhile, another eutectic-forming element, nickel, does not interact with zinc and magnesium.
The Al3Ni compound has a tensile strength of about 2160 MPa and an acceptable Young modulus of
116–152 GPa that makes it reasonable for reinforcing of aluminum [27]. Moreover, its orthorhombic
lattice provides incoherency toward aluminum [28]. Some near eutectic (<4 wt.%Ni) Al–Zn–Mg–Ni
based on (Al) + Al3Ni eutectic alloys are recognized to be promising as structural materials fabricated
by casting and metal forming technologies [29,30], while Al–Zn–Mg/Al3Ni composites with a high
volume of reinforcement (e.g., at hypereutectic concentrations of nickel) have not been described in
depth. The enhancement of the aging rate along with Al3Ni phase volume fraction was reported in [31].
The 7005/(0–10.4 vol.%) Al3Ni composite was prepared by metal mold gravity casting and there were
particles of more than 50 μm in size. Thus, their contribution into reinforcing is reasonable to be
low. The approach toward refining of Al3Ni primary crystals up to 5 μm by rolling was suggested
in the study on 7050/(5–10 wt.%) Ni composite [7]. It is alleged that the yield strength calculated by
the Orowan equation can get 630 MPa, while the brittle fracture surface was shown. Both these papers
do not consider the RS methods to obtain a quasi-eutectic structure. In an earlier research [32],
the formation of the fully eutectic structure in Al-7%Ni hypereutectic alloy after unidirectional
solidification is reported. In Martínez-Villalobos et al.’s study [33], the same result on Al-8%Ni after

84



Metals 2020, 10, 762

melt spinning was achieved and an effectiveness of reinforcement was shown to be due to ultrafine
Al3Ni particles formation.

As for matrix, the experiments on melt-spun ribbons of Al-Zn-Mg alloys showed an opportunity
of obtaining a supersaturated solid solution without prior annealing for quenching [34]. The same
result was achieved after rapid solidification released during SLM of 7068 alloy along with providing
precipitation hardening via the aging of as-built parts [35]. In this study, we chose the copper-free
matrix system Al-8%Zn-3%Mg as basis related to the strongest commercial 7xxx alloys (7001, 7090,
7055, etc. [26]). We do not consider copper addition because it causes unreasonable complication
of phase composition, as it is clearly shown in a pivotal research [36] on the optimization of
Al-Zn-Mg-Cu-Ni alloys.

As for reinforcement, the key requirements are to possess a high enough volume of aluminides
particles and an absence of the primary crystals in the structure. Thus, it is mainly desirable to
obtain a fully eutectic structure on the supersaturated matrix field. To ensure a high concentration
of reinforcement particles, the study is dedicated on nickel content of 7% that is substantiated in
the computational section. Since the morphology of the Al3Ni phase can be tuned on the cooling
rate basis, we followed the investigation path via the study of the phase diagrams and experimental
simulation of cooling rate enhancement.

From the above, the current paper aims to investigate the evolution of the solidification path,
structure, and hardness depending on cooling rate variation from slow to rapid solidification of
the Al8Zn7Ni3Mg alloy by thermodynamic calculation and experimental study.

2. Materials and Methods

Initially, we investigated details of Al-8%Zn-3%Mg alloys with various nickel contents,
in particular, solidification path and phase composition using the Thermo-Calc software (Version 3.1,
TCAl4 Al-based alloy database, Thermo-Calc Software AB, Stockholm, Sweden) [37]. Single point
equilibrium, phase diagram, property diagram, and Scheil–Goulliver solidification simulation options
were used.

For the experimental section, the Al8Zn7Ni3Mg alloy was the main test material. The samples
were prepared by melting high-purity aluminum (99.99%Al), zinc (99.97%Zn), magnesium (99.9%Mg),
and Al20%Ni master alloy in a graphite–chamotte crucible using a Nabertherm K 1/13 (Nabertherm
GmbH, Lilienthal, Germany) resistance furnace in an air atmosphere. The melt temperature was kept
at 850 ◦C and the total time of the melting process was about 90 min. The Al20%Ni master alloy was
mixed into the molten aluminum using a graphite stick. Before casting, the melt was purified by dry
C2Cl6 powder. The chemical composition as determined by spectral analysis is presented in Table 1.

Table 1. Chemical composition of the experimental alloy.

Designation
Concentrations, wt. %

Zn Mg Ni Al

Al8Zn7Ni3Mg 7.79 3.13 7.16 Balance

In order to obtain a variety of cooling rates, we provided different solidification conditions.
A portion of molten metal ~50 g was solidified in the furnace, and thus the lowest cooling rate was
achieved (FC sample). Three cooling conditions were provided via casting. We obtained cylindrical
samples of 30 mm and 5 mm in diameter, and a thin flake of less than 1 mm via pouring onto a cold steel
heat sink. The highest cooling rate was induced using a melt spinning (MS sample) of experimental
alloy ingot via pouring a molten metal onto a rotating copper wheel of DVX-II apparatus (Dexing
Magnet Tech. CO. Ltd., Xiamen, China) in an argon gas atmosphere. The linear rotation speed of
the copper wheel was 30 m/s. A general view of the samples is demonstrated in Figure 1.
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Figure 1. Experimental cast samples and melt-spun ribbons: (a) 30 mm cast sample; (b) 5 mm cast
sample; (c) 1 mm cast sample; (d) melt-spun ribbon.

The microstructure was examined by optical microscopy (OM, Axio Observer MAT, Carl Zeiss
Microscopy GmbH, Oberkochen, Germany), scanning electron microscopy (SEM, TESCAN VEGA3,
Tescan Orsay Holding, Brno, Czech Republic) with an electron microprobe analysis system (EMPA,
Oxford Instruments plc, Abingdon, UK), and the Aztec software (Version 3.0, Oxford Instruments plc,
Abingdon, UK). The metallographic samples were ground with SiC abrasive paper and polished with
1 μm diamond suspension. A total of 1% hydrogen fluoride (HF) water solution was used for etching.
To investigate the structure of the melt-spun ribbons, we used transmission electron microscopy (TEM,
JEM-2100, JEOL Ltd., Tokyo, Japan).

The size of the dendritic cells (dendritic parameter, d), as well as of the intermetallics,
was experimentally determined using metallography from high-contrast microstructural images
processed with the appropriate software, ImageJ (National Institutes of Health, Bethesda, MD, USA).
The Horizontal Lines option was used for implementing the stereological method of measuring
the relative length of the phase regions. To obtain reliable data, we analyzed at least 10 fields in
the microstructure for defining the content of each structural component. The experimental dendritic
parameter data were used for evaluating the cooling rate in the alloy crystallization temperature range
using a well-known empirical relationship [38]:

Vc = (A/d)1/n, (1)

where Vc—cooling rate upon solidification in K/s, d—dendritic parameter in μm and A,
n—material-dependent constants.

Since we do not take determination of the precise material dependent constants as a mandatory,
they were taken from [20] for high-strength Al-Zn-Mg-Cu alloys as A = 100 and n = 1/3.

Some samples were selectively subjected to a T5 heat treatment (aging at 200 ◦C for 1 h without
prior quenching) and a T4 heat treatment (470 ◦C for 1 h). To control the properties evolved, a Vickers’
hardness test at a load of 10 g (0.1 N) and 5 s dwell (for the MS sample), and at a load of 1 kg (10 N)
and a dwell time of 10 s (for other samples) was used.

3. Results and Discussion

3.1. Computational Section

The polythermal section shown in Figure 2a indicates that under equilibrium conditions the nickel
addition to the Al-8%Zn-3%Mg alloy significantly influences on the solidification path shifting to
a hypereutectic manner at over 3.6%Ni. The Al-Zn-Mg-Ni system is convenient to study due to
a lack of interaction between Al-Zn-Mg and Al-Ni systems. Thus, all of Zn and Mg are bonded into
the T phase (Al2Mg3Zn3) which is responsible for precipitation hardening of alloys with a Zn/Mg
atomic mass ratio of less than 1 [39]. The liquidus line rises and the equilibrium solidus decreases
slightly with an increase in nickel concentration in hypereutectic alloys. The Al8Zn7Ni3Mg alloy
shows an experimental liquidus and solidus temperature of 665 and 520 ◦C, respectively. However,
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the Scheil–Goulliver simulation showed that the solidification range is much higher than the one
in equilibrium condition and it ends with the proceeding of the [(Al) + Al3Ni + T] reaction at
a temperature of 478 ◦C (dotted line in the polythermal section). The temperatures, determined by
thermal analysis using a single chromel–alumel thermocouple submerged into the melt, sufficiently
agree with the calculated data that especially fair for non-equilibrium solidus. The reactions [L→Al3Ni]
at 659 ◦C, [L+Al3Ni+ (Al)] at 624 ◦C, and [L+Al3Ni+ (Al)+T] at 478 ◦C are detected. On the one hand,
such a low solidus intrinsic to 7xxx alloys deteriorates their hot cracking tolerance in some RS methods,
like SLM [40]. On the other hand, having a high volume of eutectic may lead to an improvement of
brittleness due to cracking healing in the solid–liquid state [41].

 
Figure 2. (a) Polythermal section of a Al-Zn-Mg-Ni system at 8%Zn and 3%Mg with marked
non-equilibrium solidus calculated by Scheil–Goulliver simulation and (b) schematic representation of
the solidification path shift as a result of an increase in the cooling rate.

In addition, Figure 2b schematically shows how the binary eutectic point shift depends on
the cooling rate. According to [42], under high undercooling, diffusion in the liquid phase
may be hindered causing local changes in composition and difference in local solidification rates.
Under this condition, the sustainable extension of Zn and Mg solubility in the (Al) matrix can be
expected [34]. In addition, the temperatures of liquidus and solidus may be lower than the equilibrium
ones. It is anticipated that the experimental samples may solidify via different paths, causing a variety
of structures from highly-hypereutectic to hypoeutectic, including eutectic manner if the two phases
would solidify simultaneously in a diffusion coupled fashion. These microstructures can be qualified
as quasi-structures, because the corresponding alloy is hypereutectic in general.

According to Figure 2a, the solvus temperature corresponding to the dissolution of the T phase
(Al2Mg2Zn3) increases along with nickel content and therefore the [(Al) + Al3Ni] area is narrowing
as well as the suitable range of quenching temperatures. We chose a temperature of 470 ◦C as
a conventional temperature for a solid solution treatment of 7xxx alloys [1].

Figure 3a shows how the (Al) solid solution composition evolves at 470 ◦C depending on
nickel content. It is assumed to be the same after rapid solidification. According to the (Al) matrix
composition, we simulated its decomposition at the chosen aging temperature of 200 ◦C as a volume
fraction of precipitation products both T’ and M’. The graph shows that nickel addition contributes to
a gradual growth of Zn and Mg content in (Al) matrix, as well as precipitates volume, respectively.
The solid solution of the experimental Al8Zn7Ni3Mg alloy composes 9.6%Zn and 3.6%Mg, promoting
precipitations of 9.6 vol.% both T’ and M’ dispersoids responsible for matrix hardening. It is clearly
seen that the (Al) solid solution composition and volume of dispersoids see a plateau (9.7%Zn and
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3.7%Mg in (Al) and 10.1 vol.% of precipitates) at over 7.5%Ni. The further addition of nickel may cause
an undesirable end of solidification via ternary eutectic [(Al) + Al3Ni + T] leading to the appearance of
an additional quantity of the T-phase in the structure undissolved in aluminum. That way, a higher
amount of nickel seems to be unreasonable.

 
(a) 

 
(b) 

Figure 3. (a) Composition of the (Al) solid solution at 470 ◦C and corresponding volume fraction of T’
(M’) precipitates at 200 ◦C depending on nickel content in Al-8%Zn-3%Mg; (b) relationship between
volume fraction of Al3Ni phase and temperature at various nickel contents in Al-8%Zn-3%Mg alloy
and schematic display of the structure evolution.

Figure 3b shows the volume fraction of the Al3Ni phase in Al-8%Zn-3%Mg-xNi (x = 2%, 4%,
7%, 10%) alloy depending on the temperature under equilibrium conditions. In hypereutectic
alloys, the formation of two types of intermetallics is possible. The primary phase (Al3NiP) appears
before the aluminum solid solution. Then it progresses with eutectic particles (Al3NiE) formation
along with aluminum. As we schematically represented, the Al3NiE type nucleates as disperse
particles, while the Al3NiP type commonly has a faceted morphology. While at 2% and 4%Ni
the volume of the reinforcement is significantly scarce (3.6% and 7.2%), at increasingly hypereutectic
concentrations (10%Ni) the volume fraction is superior (18.8%), but the Al3NiP fraction is dominant
(11.3%). On this occasion, the suppression of the pre-eutectic stage may be not accomplished in
our experimental conditions. Barclay et al. [32], who first achieved a quasi-eutectic structure in
Al-Ni hypereutectic alloys by the RS method, found that Al-10%Ni alloy requires a five times higher
solidification rate than Al-7%Ni alloy for achieving suppression of the Al3Ni primary crystallization.

Thus, the experimental Al8Zn7Ni3Mg alloy exhibits appropriate volume fraction of intermetallics
(12.8%) composed of balanced eutectic (6.3%) and primary (6.5%) crystals. In addition to that, it shows
the highest promise for precipitation hardening, a low inter-particles spacing is anticipated, taking into
account positive results on binary alloys [32,33].

3.2. Solidification Path and Structure Analysis

The results of the cooling rate estimation are shown in Table 2, as well as the change in
microstructural peculiarities pertaining to the dendritic parameter and Al3Ni intermetallics size.
As can be seen, an increase in the cooling rate drives a refinement of primary crystals up to the ultimate
suppression of the pre-eutectic stage after cooling at more than 103 K/s.

The results are supported by a general view of microstructure evolution from a slow rate
furnace-cooled sample to rapidly cooled melt-spun ribbons (Figure 4). In OM images, the Al3Ni phase
is visible as brown inclusions embedded into the light matrix of the (Al) solid solution, and otherwise,
in the SEM image light intermetallics are incorporated into the dark matrix. Generally, the evolution
allows to estimate the formation of a quasi-eutectic structure under an increase in the cooling rate.
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Table 2. Microstructure peculiarities of the Al8Zn7Ni3Mg alloy depending on the cooling rate.

Experimental
Sample

Dendritic Parameter
(d) 1, μm

Cooling Rate (Vc) 2, K/s Al3Ni Size Range 1, μm
Al3Ni Median Size 1,
μm (Al3NiE/Al3NiP)

FC 198 ± 31 0.1 30–351 12/225

30 mm cast 39 ± 6 17 20–94 4/13

5 mm cast 19 ± 6 133 5–43 2/7

1 mm cast 9 ± 2 1.4 × 103 1–3 1.5/-

MS 1.6 ± 0.3 2.3 × 105 0.03–1.8 0.3/-
1 determined using image analysis software; 2 calculated using the Equation (1).

(a) (b) (c) 

 
(d) 

 
(e) 

Figure 4. Microstructures of the Al8Zn7Ni3Mg alloy after solidification at different cooling rates,
including binary imaging used for dendritic parameter determination: (a) furnace-cooled (FC) sample;
(b) 30 mm cast sample; (c) 5 mm cast sample; (d) 1 mm cast sample; (e) melt spinning (MS) sample.

The microstructure of the FC sample (Figure 4a) can be qualified as the nearest to the equilibrium
one. During in-furnace solidification, a large fraction of imposingly coarse primary crystals of up
to 351 μm can be observed, which are probably responsible for a low ductility of material under
such condition. The presented pattern reliably agrees with a schematic one shown in Figure 2b.
The primary Al3NiP crystals are in an equilibrium with the eutectic mixture [(Al) + Al3NiE] in which
the eutectic-origin particles are relatively small (medium size 12 μm).

Considering the structure of gravity cast samples, we managed to achieve a significant difference
among their solidification conditions and cooling rates as well. The cooling rate of 17 K/s for the 30 mm
cast sample (Figure 4b) was calculated using equation 1 and a dendritic parameter of around 39 μm.
The conception of the microstructure does not look modified in comparison to the furnace-cooled
sample, but the refinement is obvious from the scale and increased number of dendritic cells reduced
fivefold in size along with dramatically reduced intermetallics.
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A further increase in the cooling rate resulted in intermetallic bands formation that indicates
a closeness of the solidification path to the eutectic one. In the 5 mm cast sample (Figure 4c), there is
still an extremely high number of Al3Ni needle-like primary intermetallics, halved in size, obtained
via near-rapid cooling (d ~ 20 μm, Vc = 133 K/s). Meanwhile, the 1 mm cast sample (d ~ 10 μm,
Vc = 1.4 × 103 K/s) contains wide areas where the coupled growth of Al3Ni and the (Al) solid
solution was provided (Figure 4d). This as qualified quasi-eutectic structure consists of micron-scale
intermetallics, mixed with a hypoeutectic structure in vicinity, allowed to estimate the dendritic
parameter. Such inhomogeneous structure is probably due to different crystallization front and related
to a tough experimental condition. The quasi-eutectic structure is believed to develop via the following
solidification path [43–45]. The Al3Ni phase as part of the eutectic [(Al) + Al3Ni] nucleates first
due to its higher melting point. Next, the (Al) solid solution nucleates in the nickel depleted zone
around the Al3Ni particles preventing its growth. Therefore, the residual liquid phase is enriched
with the nickel until its composition reaches the eutectic point. Thus, the reciprocal growth of both
the Al3Ni phase and the (Al) solid solution occurs.

In contrast, under melt spinning conditions, the highest cooling rate was achieved resulting in
an ultrafine microstructure with visible dendritic cells of about 1.5μm (Figure 4e). The estimated cooling
rate is 2.3 × 105 K/s, which agrees with literature data [22]. The quasi-eutectic-origin intermetallics of
submicron size are located along (Al) solid solution dendritic cells and the ultimate structure looks
hypoeutectic. However, some areas are revealed to have very small in-bulks particles, which are to be
studied using a high-magnification technique.

The microstructure of the 5 mm cast sample was studied in detail (Figure 5). According to EMPA
analysis (Figure 5b), the white phase (in Figure 5a) corresponds to an insoluble Al3Ni phase with
a homogenous composition of 76% Al and 24%Ni. In the vicinity, T phase veins are clearly observed.
It is striking that the most part of the Zn and Mg are dissolved in the (Al) matrix even under cooling
at 133 K/s. Hence, it is reasonable to anticipate a dramatic extension of solid solubility in samples
obtained at higher cooling rates.

(a) (b) 

Figure 5. Microstructure of the 5 mm cast sample of the Al8Zn7Ni3Mg alloy: (a) SEM; (b) multilayer
elemental map.

Ultimately, the analysis of the structure revealed a significant deviation of the solidification path
from a local equilibrium condition. Microstructural peculiarities (dendritic cells and intermetallics)
were far much refined under an increase in the cooling rate, and their characterization in the samples

90



Metals 2020, 10, 762

after a cooling rate of more than 103 K/s requires for detailed analysis using higher magnification.
Preliminary, it is believed that a needle-like Al3Ni phase, occurring in the structure of the FC, 30 mm,
and 5 mm cast samples, is responsible for brittle behavior, while globular particles presented in other
samples could play a reinforcing role in enhancing strength without a substantial loss of ductility.
Moreover, the supersaturation of the (Al) solid solution is expected and will be discussed upon
the hardness measurement results.

3.3. Characterization of the Quasi-Eutectic Structure

In the microstructure of the 1 mm cast sample (Figure 6), the tough casting condition resulted in
the shrinkage cavities formation along the grains. There is no primary phase detected, and the structure
seems to be homogeneous and quasi-eutectic in general. As can be seen, the Al3Ni eutectic bands are
in the bulk of the (Al) solid solution, and in their vicinities, Zn and Mg rich areas are presented with
an Al–8.7%Zn–3.4%Mg composition. This result virtually agrees with a previously calculated (Al)
matrix composition at 470 ◦C and corresponds to a supersaturated condition. The magnified section of
the [(Al) + Al3Ni] eutectic band shows that it has a rather fibrous morphology with a linear size of
up to 3 μm. These microstructure features exhibit a correspondence to fiber-reinforced metal matrix
composites, so it probably yields the best load transfer efficiency.

 

Figure 6. Microstructure of the Al8Zn7Ni3Mg alloy after solidification at 1.4 × 103 K/s.

Figure 7 displays the TEM characterization of the structure appearing in the melt-spun ribbons.
As can be seen from Figure 7a, it is conceptually similar to the quasi-eutectic structure of the 1 mm
cast sample, because it also shows wide bands of the fine intermetallics, surrounded by dendritic
bulks of (Al) solid solution, which are clearly seen in Figure 7b. Since the dendritic cells presented
are less than 300 nm in size, we can assume that the cooling rate achieved in some areas was much
higher than ~106 K/s, probably provided by greater thermal conductivity of the aluminum matrix than
intermetallics. The incoherent equiaxed Al3Ni particles with a median linear size of 50 nm are located
within the (Al) matrix (Figure 7c). The dark field image (Figure 7d) served as a more contrasting image
for inter-particles spacing estimation. Its value is in the 10–50 nm range, which, in turn, shows good
promise for a contribution into strength along with precipitate shearing due to possible naturally or
artificially triggered decomposition of the (Al) solid solution.
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(a) (b) 

 (c) 
 

(d) 

Figure 7. Microstructure of the melt-spun ribbons (MS sample, 2.3 × 105 K/s) of the Al8Zn7Ni3Mg
alloy: (a) general view of the intermetallic bands; (b) a (Al) dendritic structure appeared in the bands’
vicinities; (c) light field image of the globular intermetallcs’ band; (d) dark field image.

3.4. Hardness and Influence of Heat Treatment

The results of the hardness measurement are shown in Figure 8. As it was earlier shown,
the FC sample comprises of primary intermetallics of significantly giant linear size, and therefore,
the hardness of 52 HV presented reflects the footprint after indentation into the (Al) matrix. Hence,
the nickel contribution is relatively low, as well as the hardness value. A further increase in the cooling
rate causes a strong visible effect on the hardness value. For comparison, it increased twofold in
the 30 mm cast sample and threefold in the 5 mm and 1 mm samples. The most value of 195 HV was
achieved in melt-spun ribbons, which have the finest virtually qualified nanocomposite microstructure.
Furthermore, it is worth considering that the most uniform distribution of the hardness values was
obtained in cast samples, while the inhomogeneous structure of the 1 mm cast sample provided high
deviation, as well as for the MS sample measured using far lower load due to brittleness.
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Figure 8. Influence of heat treatment on the hardness of experimental samples of the Al8Zn7Ni3Mg alloy.

Thermal treatment causes significant changes in microstructure and hardness, respectively. The bar
chart demonstrates a relatively high aging response of around 20 HV at 200 ◦C without preliminary
quenching in 5 mm and 1 mm cast samples as well as the MS sample. It is striking that the MS sample
initially has a hardness of 200 HV, which is the same as an aged 1 mm cast sample. However, further
aging leads to an increase in values of up to 220 HV, corresponding to ultrahigh-strength Al-based
materials [10]. However, a further increase in temperature to 470 ◦C leads to a significant degradation
of hardness. For all samples this is due to the (Al) matrix solutionization during alloy solidification.
Moreover, for a composite-structured 1 mm cast sample and MS samples, this loss of properties is
caused by a significant degradation of the intermetallics morphology.

The degradation of the Al3Ni phase morphology after a 470 ◦C heat treatment is highly dependent
on the initial microstructure. As the as-cast 1 mm sample microstructure contains fiber-like, slightly
elongated inclusions, they were conjugated along a definite crystallographic plane, resulting in
significant shape deformation as a mixture of needles and coalescenced particles, both blocky for load
transfer (Figure 9a). Meanwhile, the MS sample initially contained equiaxed intermetallics, and heating
to 470 ◦C caused advanced coalescence. The particles size is ranged in 0.2–2.5 μm, but their roundness
is apparently appropriate to be 0.8–1 for 90% of the whole volume (Figure 9b). This factor seems to
be advantageous in terms of hot consolidation of the melt-spun ribbons, hence, the microstructure of
the bulk products may still be qualified as a reinforced composite.

 
(a) 

 
(b) 

Figure 9. Microstructure of the Al8Zn7Ni3Mg alloy after 470 ◦C heat treatment: (a) 1 mm cast sample;
(b) MS sample.

93



Metals 2020, 10, 762

4. Conclusions

By using computational and experimental studies, the effect of different cooling rates (0.1 K/s,
17 K/s, 133 K/s, 1.4 × 103 K/s, and 2.3 × 105 K/s) on the phase composition, solidification manner,
microstructure, and hardness of the Al8Zn7Ni3Mg aluminum alloy has been analyzed in details.
The tremendous refinement of the microstructure along with extension in Zn and Mg solid solubility
was accompanied with increase in hardness as a result of solidification path shift from a hypereutectic
to a eutectic and hypoeutectic one. The results are believed to be beneficial for the development of new
high-strength particulate reinforced composites which do not require ex-situ intervention for the input
of reinforcements. Moreover, when considering eutectic forming element addition, a decrease in hot
embrittlement is anticipated. Hence, the new composition may be highly recommended for laser
additive manufacturing applications. The major conclusions are as follows:

(1) By using the CALPHAD approach, the concentration of nickel in the experimental Al8Zn7Ni3Mg
alloy has been justified. While the eutectic point in the Al-8%Zn-3%Mg-Ni system corresponds
to 3.6%Ni, the 7%Ni composition is highly hypereutectic. Taking into account the opportunity
to shift the solidification path with further refinement caused by increase in cooling rates,
the experimental alloy comprises 12.8 vol.% Al3Ni intermetallics in which half corresponds to
the primary phase;

(2) Composition of the (Al) solid solution after rapid solidification has been simulated similar to
the one at the 470 ◦C solid solution temperature. The higher the nickel content, the more
saturated the (Al) matrix. It is shown that a 7%Ni concentration is advantageous in terms of
obtaining supersaturated solid solution containing 9.6%Zn and 3.6%Mg, promoting precipitation
of 9.6 vol.% of T’ and M’ dispersoids. Meanwhile, a higher amount of nickel does not provide
a significant change in these values;

(3) By OM, SEM, and TEM analysis, the increase in cooling rates on the microstructure was
investigated, showing profound opportunities for microstructure tuning. A highly hypereutectic
structure was observed after solidification at 0.1 K/s, 17 K/s, and 133 K/s accompanied with
a refinement of the Al3Ni phase from 50 to 7 μm in medium size. A cooling rate of 1.4 × 103 K/s
appeared to be sufficient for providing quasi-eutectic solidification manner, and most of
the structure area is covered with fiber-like composite microstructure of 1.5 μm intermetallics,
while the melt spinning provided a cooling rate of 2.3 × 105 K/s resulting in a visible hypoeutectic
structure with ultrafine equiaxed 50 nm intermetallics in the (Al) matrix bulk, beneficial for
looping reinforcing;

(4) The hardness test revealed a substantial increase in strengthening as a result of structure
refinement. While in slow and conventionally-cooled samples the hardness of 50–150 HV is
relatively not contributed by Al3Ni intermetallics appearance, the rapidly solidified samples
showed a significant enhancement of 165 HV in the 1 mm cast sample and 195 HV in melt-spun
ribbons. Moreover, these samples both showed a significant strengthening after low temperature
annealing at 200 ◦C, achieving up to 220 HV;

(5) Nonetheless, a solid solution treatment at 470 ◦C resulted in significant degradation of hardness.
While the 1 mm cast sample saw a decrease to the initial level, the melt-spun sample degraded to
obtain hardness of around 140 HV. Such a loss in properties is caused by structure coarsening.
Meanwhile, the fibrous-like intermetallics coalescenced to become needles and rods (up to
10 μm), and the globular particles evolved remaining a high roundness and relatively low size
(0.2–2.5 μm), which is promising in terms of further consolidation processing.
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Abstract: To improve the mechanical properties of the casting alloys, various attempts have been made
to use alternative casting technologies. The Ohno continuous casting (OCC) process is a unidirectional
solidification method, which leads to high-quality cast samples. In this study, the Al-Si-Cu-Mg alloy
was cast at casting speeds of 1 mm/s, 2 mm/s, and 3 mm/s, by the OCC process. The aim of this study
is to investigate the effects of the casting process parameters, such as casting speeds and cooling
conditions, on the crystallization characteristics and mechanical properties of OCC-Al-Si-Cu-Mg
alloy. Particularly, secondary dendrite arms spacing of α-Al dendrites in OCC samples significantly
decreases with increasing casting speed. Moreover, the mean tensile strength of the samples, produced
at the highest casting speed of 4.0 mm/s, is significantly higher than that for the samples produced at
a casting speed of 1.0 mm/s.

Keywords: aluminum alloy; casting speed; solidification; Ohno continuous casting; gravity casting;
dendritic spacing

1. Introduction

The reductions in automotive exhaust greenhouse gases, such as carbon dioxide (CO2) and
nitrogen oxides (NOx), are strongly required for environmental reasons. Light-weighting of vehicles
presents an opportunity for cutting greenhouse gas emissions. Aluminum (Al) alloys are one of the
light weighting automotive materials, which meets vehicle safety and performance requirements [1].
Therefore, automotive parts made of heavy steel have been replaced with Al alloys. Particularly,
the hypereutectic Al-Si alloy family is widely used in the automotive industry because of its high
strength, good castability, and low density.

The Al-Si-Cu-Mg alloy, used in this study, is particularly the commercial hypereutectic
Al-Si16-Cu4-Mg0.6 alloy (JIS (Japanese Industrial Standards) ADC14). This Al-Si-Cu-Mg alloy has
been also widely used for various automotive parts, such as linerless engine blocks, pistons, pumps,
and compressors. Furthermore, there has been increasing use in the cast Al-Si-Cu-Mg alloy for
automotive parts, over the world. The cast Al-Si-Cu-Mg alloy microstructure consists of mainly coarse
α-Al, primary silicon (Si), and needle-shaped eutectic phases, which significantly affects the mechanical
properties of Al-Si-Cu-Mg alloy [2]. In particular, it should be noted that the mechanical properties
of Al-Si-Cu-Mg alloy are also directly affected by α-Al dendrite size, as indicated by dendrite arms
spacing (DAS). However, the use of this Al-Si-Cu-Mg alloy, to replace heavy steel in automotive
industry, has been restricted because of their lower strength and lower ductility.
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Al-Si alloy family has been investigated using a unique continuous casting technique proposed
by Ohno, which is known as the Ohno continuous casting (OCC) process. The OCC process is
a unidirectional solidification method, and this casting process provides phase control and texture
control [3], which can lead to easy control of microstructure size [4] and crystal orientation [5].
Some researchers have investigated the mechanical properties of OCC-Al alloys, showing excellent
tensile and fatigue properties. This can be explained by that their unidirectional microstructures, low
defect density, and uniformly oriented lattice structure [6–8]. Therefore, it is believed that the OCC
process is useful in the automotive industry.

These days, a better understanding of how alloy solidifies at different casting conditions, involving
cooling rates is required in order to improve mechanical properties of cast Al-Si-Cu-Mg alloys
as automotive parts. However, very little investigation has been reported, which includes the
interpretation of cooling conditions and mechanical properties for the OCC-Al-Si-Cu-Mg alloy on
a metallurgical basis.

Therefore, the Al-Si-Cu-Mg samples were cast at casting speeds of 1 mm/s, 2 mm/s, 3 mm/s,
and 4 mm/s via the OCC process in this study. In addition, the influences of microstructures, such as
α-Al phases, primary Si, and DAS on the mechanical properties of cast Al-Si-Cu-Mg alloys were
investigated. The aim of this work is to investigate the effects of casting speeds and cooling conditions
on the α-Al dendritic grains-growing and tensile properties of OCC-Al-Si-Cu-Mg alloy.

2. Experimental Procedure

2.1. Materials

Table 1 shows the chemical compositions of Al-Si-Cu-Mg alloy used in this study. The Al-Si-Cu-Mg
samples were prepared by the OCC process. In this study, the samples were also prepared by the
gravity cast (GC) process for comparison with the OCC process. Figure 1a shows a schematic drawing
of a horizontal-type OCC arrangement, consisting of a melting furnace, a heated graphite mold with
a diameter of 5 mm, a graphite crucible, a cooling device, and a dummy rod for withdrawal of the
cast sample. Approximately 0.4 kg of Al-Si-Cu-Mg ingot was placed in the graphite crucible for
melting, with the graphite mold heated to approximately 910 K, which is just above the liquidus of the
Al-Si-Cu-Mg alloy. The melted Al alloy in the crucible was fed continuously into the mold through
a runner. A schematic drawing of conventional GC arrangement, consisting of an electric furnace,
a crucible, and a metal mold, is shown in Figure 1b for comparison. The Al-Si-Cu-Mg ingot was also
placed and melted in the crucible at approximately 910 K for 1 h, using the electric furnace. Then the
molten alloy was solidified in the wide rectangular mold.

To obtain various microstructural characteristics, the casting operation of the OCC process was
carried out at different speeds, from 1.0 mm/s to 4.0 mm/s. In this study, the round-rod samples were
produced via the OCC process with a diameter of 5 mm and a length of approximately 1 m.

Table 1. Chemical composition (mass%) of the Al-Si-Cu-Mg alloy used in this study.

Alloy

Element
Cu Si Mg Zn Fe Mn Al

Al-Si-Cu-Mg 4.20 16.49 0.61 0.37 0.72 0.31 bal.
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Figure 1. Schematic drawings of (a) vertical Ohno continuous casting (OCC) and (b) gravity cast
(GC) process.

2.2. Metallurgical Analysis

Some of the OCC and GC samples were sectioned to observe microstructures using optical
microscope (OM). The cut surfaces were first metallographically polished using up to a 4000 grit-sized
silicon carbide paper and were subsequently buff-polished using an Al2O3 powder with an average
diameter of 0.3 μm and a colloidal SiO2 solution.

The DAS were also investigated from optical micrographs of cross-section of the cast samples.
In particular, the secondary dendrite arms spacing (SDAS) was determined by several optical
micrographs and applying an image analysis software. The total spacing from the first to the
last arm in a certain area was firstly measured to calculate the SDAS. Consequently, the SDAS was
obtained from the following equation:

SDAS = L / (n × V), (1)

where L is the measuring length in μm, n is the number of existing dendrite arms in a certain area,
and V is the micrograph magnification. Then, an average value of the results was calculated after
repeated measurements in different areas.

In addition, some of the cast rod was sectioned parallel to the withdrawal direction and scanning
electron microscope (SEM)-based electron back-scattered diffraction (EBSD) analysis was performed to
develop a more quantitative view of the microstructures. The cut surfaces were also buff-polished
and the orientation data obtained from the EBSD scans were analyzed using an Orientation Imaging
Microscopy (OIMTM) analysis software (version 7.2, EDAX Inc., Mahwah, NJ, USA). Moreover, after the
tensile tests, the fracture surfaces were also observed to analyze the material defects, using SEM.

2.3. Mechanical Properties

The hardness of longitudinal cross-sections of OCC samples was measured using a Vickers
hardness tester at a load of 9.8 N for a holding time of 15 s. The hardness of GC samples was
also measured under the same conditions. Nine different points were measured for each sample.
The highest and lowest values were discarded, and the hardness of each sample was determined using
the average of the remaining seven values.

Moreover, the tensile tests were carried out using an electro-servo-hydraulic system with
a crosshead speed of 1 mm/min in air at room temperature. Dumbbell-shaped round specimens
(4 mm in diameter and 30 mm in length) were used as shown in Figure 2. The three specimens were
prepared and tested for each tensile test. Load and strain were measured using a load cell attached
to the machine and a foil-type strain gage attached to the gage section of the specimens, respectively.
The tensile strength and strain of the specimens were obtained from the tensile stress–strain curve.
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Figure 2. Schematic drawing of specimen used for tensile test.

3. Results

3.1. Microstructural Characteristics

Figure 3 shows optical micrograph of cross-section of sample produced by GC. The microstructure
basically consists of large primary Si, embedded between primary α-Al grains. Moreover, Figure 4
shows optical micrographs of cross-sections of OCC samples produced at casting speeds of 1.0, 2.0, 3.0,
and 4.0 m/s. The microstructures of OCC samples also consist of large primary Si, embedded between
primary α-Al grains. It can be also clearly observed that the mean sizes of primary Si are the largest at
a speed of 1.0 mm/s, regardless of the observed location.

 
Figure 3. Optical micrograph showing microstructure of GC sample.

Figure 4. Optical micrographs of cross-sections of OCC samples; middle parts cast at speeds of
(a) 1.0 mm/s, (b) 2.0 mm/s, (c) 3.0 mm/s, and (d) 4.0 mm/s.

Figure 4 shows middle parts of cross-sectioned OCC samples. In this study, no sharp difference is
observed between upper and lower parts of the samples at any of the casting speeds, although upper
parts were cooled directly by spray water and cooled at the fastest rate (Figure 1a). It can be explained
by that the diameter of cast rod is too small to show large difference in the cooling rate, between upper
and lower parts.
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Moreover, it is observed that the grain structure transition occurs with increasing casting speeds,
owing to the different cooling rates. The morphologies of primary Si phases show sharp edges and
flat faces, indicating the facet characteristics. Furthermore, the distributions of primary Si phases are
non-homogenous, regardless of the casting speeds. In particular, both the sizes and amount of primary
Si are reduced between 1.0 mm/s and 2.0 mm/s. Larger primary Si particles (approximately 5–100 μm
in equivalent diameter) are observed in the samples cast at a lowest speed (1.0 mm/s), while smaller
primary Si particles (approximately 5–40 μm in equivalent diameter) are observed at the other speeds
(2.0 mm/s, 3.0 mm/s, and 4.0 mm/s).

In addition, optical micrographs of longitudinal cross-sections are also shown in Figure 5. It is
clear from the results at higher casting speeds (Figure 5b–d) that the α-Al dendrite cells grow in the
withdrawal direction. No sharp difference was also observed between upper and lower parts of cast
samples, regardless of the casting speeds. The grain structure transition is also observed in longitudinal
cross-sections with changes in casting speeds. The quantitative analysis of dendritic structures can be
conducted by measurements of DAS. As shown in Figure 5, it is clearly observed that the dendritic
structures are refined with increasing casting speed. It is considered that higher cooling rates during
solidification induce a higher degree of refinement in dendritic array.

Figure 5. Optical micrographs of longitudinal cross-sections of OCC samples; middle parts cast at
speeds of (a) 1.0 mm/s, (b) 2.0 mm/s, (c) 3.0 mm/s, and (d) 4.0 mm/s.

EBSD analysis was also carried out in order to analyze morphologies of the dendritic structures,
including SDAS. All observations were obtained from longitudinal cross-sections of the samples
as shown in Figure 6. It can be more clearly observed from both image quality (IQ) maps and
corresponding grain boundary (GB) maps that SDAS of α-Al dendrites significantly decreases with
increasing casting speed. SDAS is one of the most important factor, which affects the mechanical
properties of Al-Si alloy family. The effects of SDAS and grain size on mechanical properties are
similarly obtained for the related Al-Si alloys [9]. Figure 7 shows the relationship between the casting
speeds and SDAS. SDAS of α-Al dendrites in OCC samples significantly decreases with increasing
casting speed. Moreover, SDAS of OCC samples is smaller than that in GC samples, regardless of
the casting speed. The mean SDAS is approximately 4.0 μm for the high casting speed of 4.0 mm/s
and 8.7 μm for the low casting speed of 1.0 mm/s, resulting from the longitudinal cross-sections.
It is considered that the changes in SDAS are due to a different cooling rate, which lead to different
solidification behavior.
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Figure 6. Electron back-scattered diffraction (EBSD) analysis of longitudinal cross-sections of OCC
samples: image quality (IQ) maps and corresponding grain boundary (GB) maps of samples cast at
speeds of (a) 1 mm/s, (b) 2 mm/s, (c) 3 mm/s, and (d) 4 mm/s.

Figure 7. Secondary dendrite arms spacing (SDAS) of GC and OCC samples.

As shown in Figure 8, the cooling rates (CR) of the casting samples were also estimated from the
following equation [10]:

CR = 2 × 104 × SDAS−2.67 (2)

Figure 8. Relationship between casting rate and cooling rate for Al-Si-Cu-Mg alloys.

The cooling rates significantly increase with increasing casting speeds for OCC samples.
Furthermore, the estimated cooling rates of OCC samples are higher than those of GC samples,
regardless of the casting speed. It can be explained by that OCC samples have much smaller volumes
with cooled directly with sprayed water.
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3.2. Mechanical Properties

As shown in Figure 9, it is clearly observed that the hardness of OCC samples significantly increases
with increasing casting speeds, showing similar behaviors with those of CR plotted in Figure 8. Grain
boundaries generally act as barriers to dislocation motion. As mentioned in Section 3.1, the effects of
SDAS and grain size on mechanical properties are similar for the Al-Si-Cu-Mg alloy. Consequently,
it is considered that the refinement of SDAS, with increasing cooling rate, leads to increase in hardness.
Moreover, the mean hardness of OCC samples cast at speeds over 3 mm/s exceeds that of GC sample.

Figure 9. Vickers hardness of GC and OCC samples.

In addition, Figure 10 shows the variations of ultimate tensile strength as functions of casting
speeds. It can be observed that the mean ultimate tensile strength increases at higher casting speeds.
These results from the tensile tests are similar to the hardness results shown in Figure 9. The mean
tensile strength shows a maximum for the samples produced at the highest casting speed of 4.0 mm/s,
which is about 70% higher than that for the samples produced at a casting speed of 1.0 mm/s. Moreover,
the mean tensile strength of OCC samples cast at 4.0 mm/s is also much higher (by more than 2 times)
than that of the GC samples.

Figure 10. Ultimate tensile strength of GC and OCC samples.

The variations of fracture strain as functions of casting speeds are also shown in Figure 11.
No sharp difference is observed with a changing casing speed. Nevertheless, the fracture strains of
OCC samples are slightly higher compared to that of GC samples, regardless of the casting speeds.

It is believed that such improvements of mechanical properties of OCC samples can be
explained by the presence of unidirectional microstructures and refined dendritic array. Particularly,
the improvements of the tensile strength of OCC samples are owing to the refinement of SDAS,
which may be the obstacles to the movement of dislocations. SDAS is particularly a significant factor
determining the mechanical properties of cast Al-Si-Cu-Mg alloys due to grain-boundary hardening,
although the mechanical properties are also affected by other microstructural characteristics, such as
eutectic and Si phases.
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Figure 11. Fracture strain of GC and OCC samples.

SEM fractographs of the tensile specimens cast by GC and OCC are shown in Figure 12. Large
pores (approximately 150 μm in diameter) can be observed only at the fracture surface of GC samples,
as shown in Figure 12a. On the other hand, from the microstructural observations, the fine casting
defects (pores or inclusions) are detected in all of OCC samples. The casting defects could give rise to
the stress concentration, leading to the crack formation during the tensile test [11]. It should be noted
that the large pore, among the casting defects, is the most responsible for crack formation. Hydrogen
(H), as the only gas capable of dissolving to significant quantities in an aluminum melt, is the main
factor influencing gas porosity. It is considered that the large pore of GC sample is generated by H gas
during the solidification in this study. This is because the morphology of the large pore on the fracture
surface does not seem to be a shrinkage pore with an irregular shape, but a gas pore of a spherical
shape [11]. It is considered that the large gas pore in the GC sample is generated by the slower cooling
rate compared to the OCC samples. Furthermore, not only SDAS, but also the casting defects are
smaller and better distributed at a higher casting speed. Consequently, the lower strength and ductility
of GC alloys are assumed to result from not only enlarged α-Al and SDAS but also internal defects in
this study.

Figure 12. SEM fractographs of Al-Si-Cu-Mg samples cast by (a) GC and OCC at casting speeds of
(b) 1.0 m/s, (c) 2.0 m/s, (d) 3.0 m/s, and (e) 4.0 m/s, after tensile tests.

4. Summary

In this study, the effects of casting speeds and cooling conditions on the cast microstructures and
mechanical properties of Al-Si-Cu-Mg alloy were investigated. The primary findings of this study are
the following:

1) The microstructures, particularly those of the sizes of α-Al grains, differ among the samples, which
resulted from the different cooling rate. SDAS of α-Al dendrites in OCC samples significantly
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decreases with increasing casting speed. Moreover, SDAS of α-Al dendrites in OCC samples is
smaller than that in GC samples, regardless of the casting speed.

2) The improvements of mechanical properties of OCC samples are owing to the refinemennt of
SDAS, which may be the obstacles to the movement of dislocations. The mean tensile strength
shows maximum for the samples produced at the highest casting speed of 4.0 mm/s.

3) The large pore can be observed only at the fracture surface of GC samples. On the other hand,
only fine casting defects are detected in any of OCC samples. It is believed that the presence of
large pores may lead to crack formation during the tensile test.

4) The solidification conditions in continuous casting process, leading to the refinement of the
dendritic structures and low porosity, are regarded as contributing to the higher quality of the
products and mechanical properties of Al-Si-Cu-Mg casing alloy.
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Abstract: In the as-cast state, Al–Mg–Si alloys are not suitable for hot forming. They present
low ductility due to the presence of intermetallic β-AlFeSi particles that form in the interdendritic
regions during the solidification process. Homogenization treatments promote the transformation
of these particles into α-(FeMn)Si particles, which are smaller in size and more rounded in shape,
thus improving the ductility of the material. This paper analyses the influence of various solution
treatments on the transformation of β-AlFeSi particles into α-(FeMn)Si particles in an Al 6063 alloy.
Their effect on different ageing treatments in the 150–180 ◦C temperature range is also studied.
An increase in the solution temperature favours greater transformation of the β-AlFeSi particles
into α-(FeMn)Si, dissolving a greater amount of Si, thereby having a significant effect on subsequent
ageing. We found that as the dwell time at a temperature of 600 ◦C increases, the rate of dissolution
of the Fe atoms from α-(FeMn)Si particles exceeds the rate of incorporation of Mn atoms into said
particles. This seems to produce a delay in reaching the peak hardness values in ageing treatments,
which warrants further research to model this behaviour. The optimal solution treatment takes place
at around 600 ◦C and the highest obtained peak hardness value is 104 HV after a 2 h solution treatment
at said temperature and ageing at 160 ◦C for 12 h.

Keywords: Al–Mg–Si; α-Al8(Fe2Mn)Si particles; solution treatment; ageing; dissolution of Fe;
Differential Scanning Calorimetry

1. Introduction

Aluminium alloys usually have iron as a common impurity. The maximum equilibrium solubility
of Fe in solid aluminium is very low. Thus, most Fe forms Fe-rich intermetallic compounds together
with other elements, which appear as needles or sharp edges in the microstructure. Some types of
Fe-rich intermetallic compounds are very harmful to mechanical properties, especially ductility [1].
The particles present in Al–Mg–Si alloys during solidification are mostly β-AlFeSi (generally the
β-Al5FeSi phase), α-AlFeSi (generally the α-Al8Fe2Si phase) and Mg2Si [1–3]. These alloys are
not suitable for hot forming processes in the as-cast state or in processes of intensive deformation,
as occurs in extrusion. Their ductility is too low, mainly due to the presence of intermetallic β-AlFeSi
particles that locate at interdendritic regions, giving rise to the occurrence both inside the α-Al grains
and at their grain boundaries after solidification is completed [4]. These particles usually have
an acicular morphology in the polished plane. Hot ductility is impaired by the presence of these
particles, decreasing significantly as their content increases. The purpose of the high-temperature
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homogenization process is the chemical homogenization of the dendrites, as well as the simultaneous
fragmentation of the β-Al5FeSi precipitates, thus avoiding their continuity along the grain boundaries
and favouring their conversion into α-Al(FeMn)Si particles with rounded edges, which increase ductile
behaviour. This conversion must be complete in hot extrusion processes, as they take place in a single
stage with intensive deformation and in a very short time. Hot rolling processes that obtain flat rolled
products and multi-pass hot strip mills enable the decrease in temperatures and homogenization times
without completing the total transformation of β particles into α particles. β-AlFeSi particles can
lead to local crack initiation and induce surface defects on the extruded material. The more rounded
α-Al(FeMn)Si particles in the homogenized material improve the extrudability of the material as well as
the surface quality of the extruded material [5]. The morphology of the Fe-rich phase is related to many
factors, such as the composition of the alloy, the cooling rate, and the content of Fe. During solidification,
for example, α-Al8Fe2Si tends to form at higher cooling rates than β-Al5FeSi [6]. The presence of
Mn can change the morphology of the acicular Fe-rich phase and form a granular intermetallic
α-Al(MnFe)Si phase [7,8]. The formation of the β-AlFeSi particles is prior to, or at least concurrent with,
the solidification of the alloy, which is why these precipitates are found in the interdendritic regions.
The same grain can eventually encompass several dendrites. Therefore, these particles can appear inside
the grains. As a result, the above processes lead to an increase in hot ductility [9]. A homogenization
heat treatment promotes the transformation of these needle-like particles into smaller particles with
more rounded shapes denoted as α-(FeMn)Si, α-Al8(FeMn)2Si or α-Al12(FeMn)3Si [5], which allows an
enhancement in the ductility of the material [9–14]. The main force inducing the transformation of
the β particles into α particles is found in the difference of Fe concentration between the Al matrix
and the β particles themselves. It has been found that an Fe content in the alloy between 0.15% and
0.25% favours the appearance of smaller volume fractions of β intermetallics during solidification and
promotes fine acicular morphologies, favouring a faster β→ α transformation [15]. Moreover, the Mn
in turn modifies this inducing force by causing variations in the concentration of Fe in the matrix and
β interfaces. Kuijpers et al. determined that the optimal rate of transformation of β particles into α

particles occurs when the manganese concentration falls within the 0.02% to 0.2% range [16]. With an
increase in solution time, the acicular morphology of the β-AlFeSi particles can be transformed into
rounded shapes and the α-Al8(FeMn)2Si phase can be formed. A minimal amount of Mn is needed to
promote this transformation. The desirable Mn/Fe ratio could be around 0.5. The α-(FeMn)Si particles
present an Fe/Si atomic ratio that is higher than that of its homologous β phase. Therefore, the solid
solution of Si in the matrix phase accordingly increases, favouring subsequent hardening via an
ageing treatment [12,17]. Lui et al. concluded that the (Fe +Mn)/Si atomic ratio remains constant
in homogenization treatments within the 550–580 ◦C temperature range [18]. In addition to the
aforementioned objectives, the homogenization treatment also aims to reduce the microsegregation
produced during non-equilibrium solidification and endow the material with a fine, homogeneous
structure of precipitates that ensures its subsequent manufacture. The final mechanical properties are
determined by the solution heat treatment, quench rate and ageing heat treatment employed. In the
solution heat treatment, the aim is to dissolve the phases containing Mg and Si. The temperatures
employed in these alloys usually fall within the 460–530 ◦C range [19]. Chen et al. placed the optimal
treatment at 520 ◦C for 3.5 h [20]. The ageing of these alloys begins with the formation of clusters
in the Guinier–Preston (GP) zones followed by sequential precipitation of the β” phase and other
metastable phases until precipitation of the β equilibrium phase is achieved [21]. The high level of
saturation and high concentration of voids that the α-Al phase presents after quenching promotes the
rapid formation of Si clusters and/or GP zones. These clusters have a high concentration of solute and
maintain absolute coherence with the matrix, although elastic stresses are induced around them due to
the difference in size between the atoms of the solute and those of the solvent. At this point, there is
an increase in hardness, as these clusters/zones constitute a major obstacle to the displacement of
dislocations [22,23]. Transition precipitates that are coherent with the matrix may nucleate from these
zones. The increase in strength is defined by the size of the precipitates, their distribution, and their
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coherence with the matrix. In these alloys, the precipitate responsible for hardening is the β” (associated
with the Mg2Si phase) [22–25]. It was found that the width of the precipitate-free zones (PFZs) was
significant and optimal precipitation was associated with low thickness [26,27]. The temperatures used
in the solubilization treatment and the dwell times at these temperatures seem to have a significant
influence on the strength obtained after the ageing treatment. An increase in the temperature or dwell
times at the aforementioned temperatures seems to favour an increase in strength after ageing [19,28].
Nandy et al. managed to obtain a peak hardness value of 90 HV by ageing at 175 ◦C for around 8 h,
after a solution treatment at 525 ◦C for 2 h [29]. Yuksel obtained a maximum hardness value of nearly
100 HV by means of a solution treatment at 535 ◦C for 2 h and ageing at 204 ◦C for 2 h [25]. Note that
the greatest decrease in hardness due to over-ageing was obtained at this same temperature compared
to lower ageing temperatures. Several authors concluded that the rate of cooling prior to ageing and
after the solubilization treatment seems to influence the peak hardness value after the ageing treatment.
This cooling rate should be as high as possible in order to achieve the maximum supersaturation of Si
and Mg in solid solution [24,30–32]. The most sensitive temperature range at industrial cooling rates
seems to be between 450 and 250 ◦C [24,31,33]. Prolonged solubilization treatments are necessary in
order to ensure the total dissolution of the Mg2Si formed in the cooling after chemical homogenization.
As a form of validation, it is likewise necessary to employ a cooling rate which is fast enough to avoid
the premature precipitation of Mg2Si. This would allow the full potential of structural hardening to be
available in the subsequent ageing process.

The aim of this paper is to analyse the influence of various solution treatments, employing quenching
in water, on the transformation of the β-AlFeSi particles in an Al 6063 alloy into α-(FeMn)Si particles and
their possible influence on different ageing treatments carried out in the 150–180 ◦C range.

2. Materials and Methods

One hundred twenty specimens were taken from the intermediate zone of the radius of a
number of 200-mm-diameter slabs in the as-cast state. Table 1 shows the chemical composition of the
as-cast material. These slabs were manufactured by continuous casting in discontinuous processes,
with cooling and lubrication by demineralized water in the die. The round aluminium products had
an approximate diameter of 228 mm and a length of 12 m. The cooling rates measured at the centre of
these products were 1 K/s, and 20 K/s at the surface. The specimens had a cubic geometry measuring
12–15 mm per side. One hundred sixteen of these specimens were subjected to four solution treatments,
employing three different ageing temperatures for each. Quenching in water at 15 ◦C was used after
the solution treatments. Figure 1 outlines the experimental work carried out. The 120 specimens were
distributed as follows:

(1) 108 specimens were used to obtain the hardness profiles: 4 different solution treatments were
carried out, employing 3 ageing treatments per solution treatment, with a total of 9 specimens in
each ageing treatment.

(2) 8 specimens had no ageing. There were 2 specimens after each solution treatment, one was used
for metallographic inspection and calculation of the material’s hardness, while the other was
used for differential scanning calorimetry (DSC).

(3) The remaining 4 specimens were analysed in the as-cast state.

Table 1. Chemical composition (% by weight).

%Si %Fe %Cu %Mg %Mn %Ti

0.42 0.22 0.018 0.47 0.031 0.019

Metallographic inspection was carried out using an optical microscope and a scanning electron microscope.
Preparation of the metallographic specimens was carried out by cutting with a SiC disc,

cold mounting with an epoxy resin, grinding with SiC paper of different abrasive grain sizes ranging

111



Metals 2020, 10, 620

from grit 240 to 600 then finally polishing in three steps with textile cloths using different types of
abrasives in each step. In the first step, 6 and 1 μm diamond paste was used, while a 0.5 μm alumina
solution in distilled water was used in the second step. In the third stage, a 0.05 μm colloidal silica
solution, which was also in distilled water, was utilized.

Figure 1. Outline of the experimental work carried out. OM: optical microscopy; DSC: differential
scanning calorimetry; EDX: energy dispersive X-ray spectroscopy; SEM: scanning electron microscopy.

The etching reagents used in the optical microscopy analysis were:

(1) 2 mL HF, 3 mL HCl, 5 mL HNO3 and 190 mL distilled water.
(2) A solution made of 4 g KMnO4, 1 g NaOH and 100 mL distilled water. This reagent reveals the

chemical heterogeneities derived from dendritic microsegregation.

The optical microscope used was a NIKON Epiphot 200 (Nikon, Tokyo, Japan) and the images were
obtained using Beuhler Omnimet Enterprise image analyser software (5.0, Beuhler, Lake Bluff, USA). The
scanning electron microscope employed was a JEOL JSM-5600 (JEOL, Nieuw-Vennep, The Netherlands).
The Fe/Si atomic ratio in the α-Al(FeMn)Si particles was determined on metallographic samples in the
polished state, without etching with a chemical reagent. Energy dispersive X-ray (EDX) microanalysis
was used for this purpose, randomly analysing 30 particles per specimen (20 kV with reflections of up
to 10 keV).

Vickers hardness values were obtained under the application of a 300 N load. The results correspond
to the mean value obtained from 12 indentations per specimen.

The differential scanning calorimeter used was a Mettler Toledo DSC 822e (Metter Toledo,
Schwerzenbach, Switzerland). The heating rate was 10 ◦C/min, and the test was conducted between 25
and 500 ◦C. The results obtained by DSC will not provide us with the isothermal temperature at which
the precipitation of the metastable phases that cause structural hardening takes place. During the DSC
test, these temperatures are obtained by means of a heating ramp and are therefore always higher than
the temperatures used isothermally for artificial ageing. However, when the aim is to compare various
ageing treatments, this test allows us to compare whether said precipitation of structural hardening
will occur sooner or later.

3. Results

Figure 2 shows the microstructure obtained in the as-cast state. It can be seen that the microstructure
presents dendritic segregation and precipitation of β-Al5FeSi particles in the segregated zones,
preferably at the grain boundaries. Figure 3 shows images of this microstructure obtained using
electron channelling contrast imaging (ECCI) [34]. The elongated, acicular morphology of the β-Al5FeSi
particles can be observed, forming a more or less continuous network through the grain boundaries
network of the α-Al phase. It can also be seen that the grain size is around 200–250 μm. Figure 4 shows
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the microstructure obtained following the solution treatments with cooling in water. A homogenized
microstructure can be seen in all cases, with no dendritic segregation. A decrease in the volume
fraction of AlFeSi particles and loss of their continuity were likewise observed. Figure 5 shows the
transformation of the microstructure during the homogenization treatment. Figure 5a shows the
microstructure obtained in the as-cast state. The β-Al5FeSi particles and the Mg2Si phase can be
observed, both located at a grain boundary. Figure 5b shows the microstructure after solubilization at
600 ◦C, employing cooling in water. This treatment also allows the solubilization of the Mg2Si phase
and the transformation of the β-Al5FeSi particles into α-Al8(FeMn)2Si particles. Cooling in water
prevented solid-state precipitation of Mg2Si.

  
(a) (b) 

Figure 2. Microstructure in the as-cast state. (a) Dendritic segregation is observed; (b) β-Al5FeSi
particles at the grain boundaries. The etching reagent consisted of a solution of 100 mL distilled water
with 4 g KMnO4 and 1 g NaOH.

  
(a) (b) 

Figure 3. Microstructure in the as-cast state obtained under a scanning electron microscope (SEM) using
electron channelling contrast imaging (ECCI). (a) It can be seen that the grain size can be estimated to
be around 200–250 μm. (b) The β-Al5FeSi particles are in white and Mg2Si particles are in black.
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(a) (b) 

  
(c) (d) 

Figure 4. Microstructure after solution treatments, employing quenching in water. (a) Treatment at 550 ◦C
for 2 h. (b) Treatment at 550 ◦C for 4 h. (c) Treatment at 600 ◦C for 2 h. (d) Treatment at 600 ◦C for 4 h.

  

(a) (b) 

Figure 5. Microstructures obtained by scanning electron microscopy (SEM). (a) The as-cast state.
The β-Al5FeSi particles and the Mg2Si phase can be observed, located at a grain boundary. (b) After a
solubilization treatment at 600 ◦C with water cooling, which enabled the maximum solubilization of
the Mg2Si phase and the transformation of the β-Al5FeSi particles into α-Al8(FeMn)2Si particles.

Figure 6 shows the Fe/Si atomic ratio and the atomic percentage of Mn in the α-Al(FeMn)Si
particles, while Figure 7 shows the (Fe +Mn)/Si ratio, along with the atomic percentages of Si and
Fe. It can be observed that the Fe/Si ratio was higher in treatments at 600 ◦C than in treatments at
550 ◦C, a finding that could be justified by the greater dissolution of Si atoms at 600 ◦C. This would
allow an increase in the potential for structural hardening. However, this ratio decreased when the
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duration of the treatment was 4 h. Note that the atomic % of Fe in the α particles was much lower
in the treatments at 600 ◦C, being lower with dwell times of 4 h versus 2 h. Moreover, the β-AlFeSi
particles in the as-cast state do not contain Mn atoms. However, as the dwell times of the treatment
temperature increased, the atomic content of Mn in the α-Al(FeMn)Si particles also increased.

Figure 6. Mean Fe/Si atomic ratio of AlFeSi particles after the different solution treatments (ST).
The results are correlated with the atomic % of Mn in these particles. The “As Cast” state refers to the
β-Al5FeSi particles, while the state after the solution treatment refers to the α-Al8(FeMn)2Si particles.
The error bars show the distance between the mean value and the maximum and minimum values of
the 30 particles analysed in each specimen.

Figure 7. Mean (Fe +Mn)/Si atomic ratio of AlFeSi particles after the different solution treatments (ST).
The atomic percentages of Si and Fe are also shown. The “As Cast” state refers to β-Al5FeSi particles,
while the state after the solution treatment refers to the α-Al8(FeMn)2Si particles. The error bars show
the distance between the mean value and the maximum and minimum values of the 30 particles
analysed in each specimen.
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The hardness value in the as-cast state was 40 HV and the hardness value obtained after these
treatments was 45 HV, with no differences in hardness being found between the different solution
treatments. The hardness test was carried out immediately after these treatments.

Figure 8 shows the results obtained after the DSC analysis. Two main exothermic peaks were
detected, designated as A and C. Peak A corresponds to precipitation of the β”and β’ phases. In between
peaks A and C is the endothermic peak B that corresponds to the dissolution of these phases. Lastly, peak C
corresponds to the precipitation of the β phase [35–42]. The endothermic peak prior to the exothermic
peak A shows the dissolution of the GP zones formed during natural ageing. The results of the DSC
test provide the temperatures at which the structural hardening precipitations are verifiable when
this temperature is reached by means of a heating ramp. In our case, the heating rate is 10 ◦C/ min.
This means that these temperatures cannot be compared with the isothermal ageing temperatures,
the latter being necessarily lower. However, when the aim is to compare various ageing treatments,
this test allows us to compare whether the structural hardening will occur sooner or later. The solution
treatment at 600 ◦C with a dwell time of 4 h produced the greatest delay in the formation of the
metastable transition phases (Peak A) and their subsequent dissolution (Peak B). This delay could
be related to the dissolution of the Fe atoms that were observed in the previous solution treatment
at this temperature with prolonged dwell times, which could be grounds for further investigation in
this regard.

Figure 8. Continuous heating DSC at 10 ◦C/min. The samples were previously aged naturally.
The exothermic peaks (A and C) indicate precipitation of the β”-β’ and β phases, respectively.
The endothermic peak (B) reflects the dissolution of the β”-β’ phases, precipitated in A.

Figure 9 shows the hardness profiles obtained after the ageing treatments. The peak hardness
values were obtained with solution treatments at 600 ◦C, which are the ones that dissolved the highest
% Si from the β-AlFeSi particles. This would allow more Si to be available in solid solution for the
subsequent precipitation of the metastable β” phase during ageing. The peak hardness value was
104 HV after the solution treatment at 600 ◦C for 2 h and ageing at 160 ◦C for 12 h. Very similar
hardness profiles following the solution treatment at 550 ◦C were obtained with dwell times of 2 and
4 h. However, the peak hardness values obtained after a dwell time of 4 h at 600 ◦C were delayed in
the three ageing temperatures compared to the 2 h dwell time. This fact may be conditioned by the
dissolution of Fe atoms observed after the 4 h dwell time at 600 ◦C.
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(a) 

 

(b) 

 

(c) 

Figure 9. Cont.
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(d) 

Figure 9. Hardness profiles after the ageing treatments. (a) Treatment at 550 ◦C for 2 h. (b) Treatment
at 550 ◦C for 4 h. (b) Treatment at 600 ◦C for 2 h. (d) Treatment at 600 ◦C for 4 h.

4. Conclusions

This paper analyses the influence of solution treatments on the transformation of β-AlFeSi particles
into α-(FeMn)Si particles and their possible influence on different ageing treatments carried out in the
150–180 ◦C range. The main conclusions are:

(1) The Fe/Si atomic ratio increased with increasing solution treatment temperature from 550 to
600 ◦C. This reflects a greater degree of transformation of β-Al5FeSi particles into α-Al8(FeMn)2Si
particles, and a greater potential for structural hardening.

(2) In the transformation of β-Al5FeSi particles into α-Al8(FeMn)2Si, a greater dissolution of both Si
and Fe atoms was observed in the matrix when the solution treatment was carried out at 600 ◦C.
The dissolution of Fe was somewhat more pronounced when the dwell times were increased
from 2 to 4 h.

(3) At a solution temperature of 550 ◦C, the (Fe +Mn)/Si atomic ratio remained practically constant.
However, at 600 ◦C, this ratio decreased when the dwell time was increased from 2 to 4 h.
This suggests that the rate of dissolution of Fe atoms exceeded the rate of incorporation of Mn
atoms. This could lead to a delay in reaching peak hardness values during ageing at temperatures
between 150 and 180 ◦C.

(4) The peak hardness value obtained was 104 HV, following a solution treatment at 600 ◦C for 2 h
and ageing at 160 ◦C for 12 h.
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Abstract: Although the porosity in Al-SiC metal matrix composites (MMC) can be diminished; its
existence is unavoidable. The purpose of this work is to study the effect of porosity on Young’s
modulus of SiC reinforced aluminum matrix composites. Finite element analysis is performed based
on the unit cell and the representative volume element approaches. The reliability of the models is
validated by comparing the numerical predictions against several experimental data ranging in low-
and high-volume fractions and good agreement is found. It is found that despite the stress transfer
from the soft matrix to the reinforcement remains effective in the presence of pores, there is a drop
in the stress gathering capability of the particles and thus, the resulting effective elastic modulus
of composite decreases. The elastic property of the composite is more sensitive to pores away the
reinforcement. It is confirmed, qualitatively, that the experimentally reported in the literature decrease
in the elastic modulus is caused by the presence of pores.

Keywords: Al/SiC composite; porosity in composites; finite element analysis

1. Introduction

Particles embedded in a matrix are commonly encountered in metal matrixes since they arise
during melt processing by non-controlled phase changes, mechanical interaction of the melt with its
surroundings, or they are added intentionally as filler material. Stiff and soft particle inclusions in
a matrix have effects that could be considered adverse or beneficial in the physical and mechanical
properties of the bulk matrix. For example, hard particles in steel are considered harmful and they
often originate the variability of steel properties [1]. On the other hand, the incorporation of ceramic
stiffer particles—e.g., SiC, SiO2, Al2O3, and WC—to matrixes such as aluminum alloys reinforce
the bulk matrix and metal matrix composites (MMC) arise. Due to their high specific strength and
modulus, reinforced materials can be tailored, finding applications in multiple industries such as
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naval, aeronautics, automotive, and machining-tools. Moreover, MMC exhibit isotropic material
properties [2].

The elastic properties of MMC depend principally on geometrical parameters: volume fraction,
size distribution, shapes and stiffness of the particles, porosity, and bonding state at the interface.
Studies have been conducted to elucidate the effects of particles embedded in metal matrixes [3,4],
concluding that the shape of the particles influences the overall elastic response of the composite. While
the particle size has no significant influence on the elastic modulus at low content of reinforcement [5,6].

For the microstructures having different phases like hard ceramic particles and pores, it is desirable
to predict strength properties for the development of high-performance materials. Porosity in MMC
can greatly influence the material properties and is mainly caused by manufacturing processes, thermal
cycles, and both distribution and percentage particles [7–9]. For instance, enhancement of strength
is affected in the interface causing crack initiation sites, which was evidenced in Hassani’s study at
varying milling times with different particle sizes and amounts. The visualization of porosity and
voids employed specialized techniques such as nondestructive laser-ultrasonic spectroscopy where
Podymova et al. [10] proposed a calibration curve for porosity evaluation as this defect compromise
composite strength. Other techniques, such as neutron and synchrotron diffraction, were voids and
pores are easily observed and micro stresses can be detected. Previous investigations conclude that
thermal fatigue damage is produced by the porosity presence and can influence the coefficient of thermal
efficiency behavior in MMC, tensile and fatigue properties are also affected [8,11]. Consequently,
porosity content decreases mechanical properties of MMC—such as tensile strength, Poisson ratio, and
Young’s modulus.

Modeling of inclusion-matrix interaction or pore-matrix interaction at the microscale is usefully
in accurately predicting effective properties (e.g., Young’s modulus). In the literature, several
constitutive models (analytical, semi-empirical, differential, and variational methods) for the prediction
of mechanical properties with specified volume fractions can be found elsewhere. Among these models,
the ones proposed by Voigt and Reuss (V–R) [12,13] and by Hashin–Shtrikman (H–S) [14] have proven
to be effective means to obtain upper and lower bounds for the elastic moduli of the MMC from the
known properties of its constituents. The H–S model represents the tightest bounds. This model
is based on variational principles of linear elasticity and assumes isotropic composite. None of the
previous methods (V–R, H–S) consider microstructural information.

Micromechanical analytical models also have been established to predict the mechanical properties
of porous solids. Ramakrishnan and Arunachalam (R–A) [15] derived a useful analytical model using
the principles of statistical continuum mechanics, where the effective elastic moduli of bulk material are
predicted as a function of the volume fraction of the pores, the variation of the effective Poisson’s ratio,
and the elastic modulus of the corresponding dense material. This model considers an assemblage
of hollow spheres. Additional information about other theoretical models for porous solids and its
validity can be found in [16]. It is difficult to derive analytical solutions for particle–pore interaction
systems because the stress distribution around particles and pores start interfering with each other.

The finite element modeling of micromechanics is an alternative means to analytical models for the
simulation of mechanical properties. Finite element analysis has become increasingly more popular and
an accurate approach to study different phases and complex morphologies of reinforcement particles
in the microstructures [1]. Approaches are the unit cell model (UC) and the representative volume
element (REV). In the UC approach, one or two particles are embedded in the metal matrix to represent
a periodical array since this approach assumes that the material microstructure is periodic. Because of
the periodic assumption, the UC approach is computationally efficient. The REV approach assumes
random microstructures. Studies on numerical modeling in MMC have simplified the morphology of
the particle reinforcement to that of a circle, rectangle, or ellipse to study the elastic response of the
composite [17,18]. Good correlation between the numerical predictions and the experimental data was
obtained. Available theoretical studies have shown the effect of reinforcement volume fraction on the
stress distribution and modulus of MMC. However, such an understanding still lacks when particles
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interact with pores in MMC, where the presence of pore close to particle or even within the particle
produces inhomogeneous stress distributions and the load-bearing capacity of MMC is affected.

On the other hand, in polymer matrix composites containing fibers, numerical studies have
shown that the porosity has a much larger influence in transversal properties than the longitudinal
ones and a critical volume fraction exists below when the strength is unaffected by pores [19]. For
solders, the effects of the morphology of intermetallic and porosity volume fraction on the modulus of
the solder were studied by Chawla et al. [20]. They used a 2D microstructure based finite element
modeling to study the effect of the morphology of Ag3Sn intermetallic and porosity on the Young’s
modulus of Sn–Ag solders. The Ag3Sn morphology was controlled by cooling rate; spherical and
needle-like particles were obtained. They conclude that the morphology of the particles should not
have a significant influence on Young’s modulus of the Ag-solder. Rather, the porosity is responsible
for the variability of the elastic moduli. However, in this study the porosity effect was not included in
the numerical model, instead, it analyzed with the (R–A) analytical model.

MMC porosity arises generally by causes of gas entrapment and the evolution of dissolved gases [21].
Although the porosity in MMC can be diminished, its existence is unavoidable [22]. As porosity causes
structural weakness in particulate composites, this factor remains as one of the focuses to attract
researchers’ attention in the development of high-performance materials. Ray [23] classified porosity of
composites in two types: (a) at the boundary of the matrix phase and the reinforcement, and (b) away
from the filler particles in the matrix alloy. In the works of Sun et al. [24] and Podymova et al. [10], it was
found that pores coexist with the clustered and large-sized particles, and they significantly decrease the
mechanical properties of the composites. The porosity in MMC arises from different origins, therefore
it is of great interest to screening the inhomogeneous stress field around pores interacting with hard
particles, and how the discontinuity produced by the pores has a damaging effect on the load-bearing
capacity of the MMC. Finite element analysis is a means of properly interpreting the effect of porosity
on the elastic properties of porous materials [16,19]. This paper aims to investigate the effect of porosity
on the elastic modulus of SiC particle reinforced Al matrix composites. Finite element models based
on the UC and REV approaches were developed. Porosity is considered within the Al matrix and
within SiC particle to determine how the load-bearing capacity of the composite is affected by the
different regions of stress concentration origins. The shapes of the reinforcement particle are angular
and circular in the UC approach. Whereas, in the REV approach, the microstructures were developed
to incorporate the mechanical interaction between the reinforcing particles. Firstly, the numerical
methodology is validated against experimental data available in the literature ranging in a low and
high-volume fraction of reinforcement. Also, the constitutive models of H–S, V–R, and R–A are used
for reference.

2. Numerical Modeling

Square and circular morphologies of the particle reinforcement were selected to elucidate the effect
of the inclusion shape in the elastic moduli. Two validation studies are conducted first by comparing
the FEA results within experimental data reported for the system Co-WC [25] and experimental results
for porous refractory spinel [16]. In the case of matrix strengthening, the composite matrix is made
of cobalt (Co), whose elastic modulus E2 = 207 [GPa], Poisson’s ratio η2 = 0.31 and shear modulus
G2 = 79 [GPa]. The inclusion is tungsten carbide (WC) whose elastic modulus E1 = 700 [GPa],
Poisson’s ratio η1 = 0.23, and shear modulus G1 = 278 [GPa]. For the Co-WC composite, experimental
data of the elastic moduli as a function of the volume fraction of reinforcement ranging at high
concentrations of filler are available in the literature [25]. Therefore, this data allows examining the
reliability of the numerical model when high volume fractions are considered. As the volume fraction
of the reinforcement increases, advanced micromechanical models are needed [26].

In the case of the porous material, the elastic modulus and Poisson’s ratio of MgAl2O4 are Espinel =

268.2 [GPa] and ν0 = 0.262, respectively. For modeling the pore, zero-moduli and zero-Poisson’s ratio
are assigned appropriately to avoid singularities in the numerical model. For computing the effective
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elastic moduli of the materials, two-dimensional (2D) UCs models of 8 × 8 mm with a different volume
fraction of the reinforcement and porosity were created. Plane strain behavior is assumed. In the case
of the UCs models the center of mass of the reinforcement particles coincides with that of the square
representing the matrix. Pores are introduced explicitly in the metal matrix and within the particle
reinforcement. Since the model is 2D, the volume fraction is equal to that of area fraction. The sizes of
the particles are varied to obtain different volume fractions. For the REV models, the volume fraction
and particle sizes are fixed. The unit cell is under tensile loading.

2.1. Linear Elasticity Equations

The governing equations for the static mechanic’s problem are given by the equilibrium equation

∇ ·σ+ f = 0 (1)

where, σ and f are the stress tensor and body force, respectively. For the stress-strain relation, it is
assumed a plane strain model. Therefore, strain normal to the plane is zero, and shear strains that
involve angles normal to the plane are assumed to vanish. Constituent materials are isotropic, so the
constitutive equation (σ = Dε) is given by [27]

D =
E

(1 + ν)(1 + 2ν)

⎡⎢⎢⎢⎢⎢⎢⎢⎢⎣
1− ν ν 0
ν 1− ν 0
0 0 (1− 2ν)/2

⎤⎥⎥⎥⎥⎥⎥⎥⎥⎦ (2)

where E is the Young’s modulus and ν the Poisson’s ratio. Macroscopically, the heterogeneous material
can be assumed as a homogenous medium. The average strains, stress and strain in the composite are
related to the boundary displacements of the UC and the REV by Gauss theorem. Therefore, using
appropriate boundary conditions to produce uniform stress and strain in the homogeneous medium,
the relation between the actual heterogeneous composite and the homogeneous medium is given by
averaging the stress and strain tensors over the area of the unit cell [28].

σi j =
1
A

∫

A

σi j(x, y)dA =
1
A

∫

Γ

(
Euinj + Eujni

)
dΓ (3)

εi j =
1
A

∫

A

εi j(x, y)dA =
1
A

∫

Γ

(
uinj + ujni

)
dΓ (4)

The effective elastic moduli of the metal matrix composite (Ec), is given by substitution of the two
previous equations into the Hook’s law σi j = Ecεi j.

2.2. Finite Element Implementation

The 2D numerical models are developed using the mechanic’s module in the software COMSOL
Multiphysics. Boundary conditions assume plane strain-tension to evaluate the elastic modulus of
the composites. Figure 1 shows the boundary conditions and the periodic microstructures that are
considered for the UCs models. The mesh refinement is applied to ensure mesh independent solutions
for each microstructure. The inclusion volume fraction is varied by changing the inclusion size in a
parametric study, where the circular reinforcement is only able of producing volume fraction up to
0.71% while the square reinforcement a maximum volume fraction of 0.91%. The external load F is set
to 0.1 Pa. The microstructures used in the REV approach are shown in Section 3.2.5. This latter study
was performed to compare the mechanical behavior predicted by the UCs models, with that predicted
by the structure of real composite material. The boundary conditions are the same as those used in the
UCs models.
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(a)  (b) 

(c)  (d) 

 
(e) 

Figure 1. Schematic representation of the unit cell model and its boundary conditions. Particle
reinforcements are considered square and circular. (a) Pore free matrix and pore-free particle. (b) Porous
matrix and pore-free particle. (c) Pore free matrix and porous particle and (d) porous matrix and porous
particle. (e) Porosity at particle–matrix interface. The triangles on the left side represent constraints
displacement in the node.
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3. Results and Discussions

3.1. Comparison of FEA Predictions with Experimental Data

The numerical methodology was validated by comparing the numerical effective elastic modulus
of the composites against experimental data published for the cemented carbides, which consist of WC
particles distributed in cobalt [25]. This study considers small and large granules, with reinforcement
volume fraction ranging from 50–90% and the elastic modulus were determined by resonant ultrasound
spectroscopy (RUS) and impulse excitation. The elastic modulus predicted from the bounds of
Hashin–Shtrikman (H–S) and Voigt–Reuss (V–R) is also used as a reference. The H–S micromechanical
model is perhaps the most widely used because of its accuracy. Bounds are the tightest possible ones
from a range of composite moduli; the two-phase material moduli can be obtained as

E± = E2 +
φ1

1
/
(E1 − E2) +

(
3φ2
/
(3E2 + 4G2)

) (5)

For the computation of the upper bound E2 > E1, meanwhile, the lower bound is computed by
interchanging the subscripts (1, 2) in the previous equation. Here, E is the Young’s modulus, G is the
shear moduli, and φ is the volume fraction.

Figure 2 shows the comparison between H–S bounds on the Young’s modulus for the Co/WC
system, experimental results [25] and numerical data obtained by simplifying the actual particle
morphology to a square and a circle. V–R bounds are also plotted for reference. It is seen that the
numerical predictions fall within the H–S bounds and that the square capture the angular nature of
the WC particles since these data are closer to the experimental values (WC particles are angular).
However, at the volume fraction of filler of 91%, the numerical prediction lies above the H–S upper

bound. The numerical error was evaluated as
∣∣∣∣ (E+

HS − Enumerical
)/

E+
HS

∣∣∣∣, which is lower than 3% at the

volume fraction of 91% with Enumerical = 655 [GPa] and E+
HS = 638 [GPa]. Whenever the numerical

predictions do not overtake the (V–R) bounds, the predictions are considered valid [29]. The upper
bound of the V–R bounds is just 655 [GPa] at the volume fraction of 91%, so the numerical prediction
lies at the upper bound of the V–R model and does no overtake this bound. This confirms that the
predictions for the elastic moduli from the UC models developed are reliable. Results also show that
the square particle has a little greater stiffening effect than the circular particles. Since the square
particle values are close to the experimental ones, no additional effort was undertaken to consider a
polygonal shape of the inclusion.

The information plotted in Figure 2 shows that the numerical model correctly predicts the stiffening
effect. The validity of the developed numerical methodology was evaluated for the prediction of the
effective Young’s moduli when one phase of the composite has a zero-moduli and zero-Poisson’s
ratio. The analytical model for micromechanics of porous mediums proposed by Ramakrishnan and
Arunachalam (R–A) was used as a reference. Experimental data reported in [16] was used to determine
the accuracy of the numerical methodology in capturing the presence of pores in the composite. The
R–A model was established considering that the dispersed phase of the composite has zero moduli,
which means that in the porous area, the stress is zero but not the strain, the equations that describe
this behavior are the following

E∗ = E(1− θ)2/(1 + bθθ) (6)

bθ = 2− 3ν0 (7)

where E is the Young’s modulus of the fully dense material, θ the porosity, and bθ is a constant that
depends on the Poisson’s ratio ν0 of fully dense material.
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Figure 2. H–S bounds (     ), experimental data (   ) [25], numerical data (square   , circle  ) and V–R
bounds ( ) for the Young’s modulus for Co-WC system.

Numerical results were compared to the experimental data for the porous refractory spinel, where
the effective elastic modulus was determined in [16] as a function of the porosity ranging from a
fully dense material up to 40% porosity. Figure 3 shows this comparison when the pore shapes are
circular and square to reflect the effect of pore shape on the Young’s moduli. The circular porous
geometry fit the experimental data better than that of the square one. Since the simulation results
with a circular pore show a close match to experimental data, the pore geometry considered in the UC
models is only circular. The comparison between numerical results and experimental data shows that
the present numerical models developed are also reliable when zero moduli and zero-Poisson´s ratio
are assigned for one phase in the heterogeneous material. The computed results show that the UC
model calculations are in good agreement with experimental data available in the literature [16,25]
which proves the validity of the presented approach for microstructures of two phases. However,
it is necessary to be careful when considering a three-phase material since it is necessary to place
an inclusion (particle or pore) out from the center of mass of the UC model. In this work, pores are
placed in the boundary, at the center of the UC and both the boundary and the center of the UC.
In order to take into care that the composite behavior is not dominated by the boundary conditions
(Saint-Venant’s principle), the influence of pore location on the computed elastic modulus was first
established. As mentioned above, when the pore is in the center of mass of the UC, the numerical
results are close to the experimental data in a wide range of values of pore content (Figure 3). On the
other hand, when the pores are placed on the boundaries of the unit cell, the model predictions are
reliable only when the pore content is ranging in low volume fraction as shown in Figure 4. Besides,
it is observed that the model predictions are reliable when considering porosity up to 14% with a
maximal deviation ((Eexp − EFEM)/Eexp) of 6.6%. Thus, to interpret the numerical results properly
when the pore is out from the center of mass of the UC, pore content should be lower than 14%. It is
assumed that similar accuracy pertains when the numerical methodology is used to find the local
stress and strain for the porous (Al/SiC) composites.
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Figure 3. Variation of the effective elastic moduli for porous spinel. R–A model ((    ), experimental
data (   ) [16] and numerical data (square ,, circle )).

Figure 4. Influence of pore location on the numerical predictions of the elastic modulus. When the
pore is placed at the center of mass, the model is reliable for a wide range of porous volume fraction.
On the other hand, when the pores are placed in the boundaries of the UC, the model is reliable for
porosity content ranging from 0% to 14% with an error lower to 7%.

3.2. SiC Particle Reinforced Aluminum Composites

Aluminum matrix composites possess both structural and functional applications, as a result,
they are being increasingly used in several industries such as automotive; however, with the current
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manufacturing process, it is difficult to avoid the porosity in MMC. Moreover, the porosity arises from
different origins [10,23,24]. Therefore, the porosity has different destructive effects on the strength
of the MMC. This factor has attracted the interest of the current research to investigate the effect of
the porosity using finite element analysis on the load-bearing capacity of Al/SiC composites. The
numerical models based on the microstructures shown in Figure 1 were constructed. The shape of the
SiC particle is considered square and circular to determine the strengthening effect due to the particle’s
shape. The mechanical properties of the particle and matrix are shown in Table 1 [30]. The results are
shown in the next section.

Table 1. Material properties of the SiC particle and Al matrix [30].

Material Young’s Modulus (GPa) Poisson’s Ratio

Al 74 0.33

SiC 410 0.19

3.2.1. Pore-Free Al-Matrix and Pore-Free SiC-Particle

Figure 5 illustrates the surface plots of von Mises stress in the microstructure when the particle and
matrix are fully dense. Both unit cells (square and circular SiC-particle) are under the same external
load and the volume fraction of reinforcement is 0.26%. For the SiC square particle (Figure 5a) the
maximum stress value in the particle is 0.4 Pa, this stress is mainly concentrated at the corners of the
particle. In the case of the circular SiC particle (Figure 5b), its maximum stress value is 0.11 Pa, which is
concentrated at the contour of the particle. A comparison of both the square and circle particles shows
that the stress gradient at the interface of the particle-matrix is larger when the reinforcement shape is
angular (Figure 5a) than when is circular (Figure 5b). In both cases, the stress in the particle is larger
than the stress in the matrix. Regarding the deformation in the composite, the strain in the matrix is
larger than that of the particle because the particles are stiffer than the matrix. Based in the fact that the
external load must equal the sum of the volume-averaged loads borne by the constituents (matrix and
reinforcement). Then, if the reinforcement carries a relatively high proportion of the externally applied
load, it is regarded as acting efficiently (σc = σm(1−φ) + σpφ) [31]. Then, the load is better transferred
from the soft Al-matrix to the hard SiC particles when angular particles are used as reinforcement.
These results agree with that reported in [17], where the load transfer by a shear-lag type of mechanism
is more effective across planar interfaces than a spherical interface.

(a) (b) 

Figure 5. Surface plots of von Mises stress for the composite reinforced by SiC particles of (a) square
shape and (b) circular shape. The volume fraction of reinforcement is 0.26%.
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Figure 6 shows that, at low volume fractions of particle reinforcement, the effective elastic modulus
of the circular particles composite is like that obtained with angular particles (red and black dashed
lines). Then, the amount of transfer external-load from the matrix to the particle reinforcement at low
volume fractions of SiC particles is similar for angular than circular particles. Therefore, at low volume
reinforcement content, the particle shape has little effect on the elastic modulus of the composite.
Figure 6 also shows the comparison between H–S bounds on Young’s modulus for the Al/SiC system
with data from various Al/SiC MMCs experimental results [32–37] and the numerical data obtained
in this study. In the plot, the gathered experimental data—as well as the numerical predictions on
the Young’s modulus of the composite—lies near the lower bound of the H–S model. Therefore, the
prediction on the strength of the Al-SiC composites can be done with a high level of confidence using
the lower bound of the H–S micromechanical model. Numerical predictions of the elastic modulus
based on the square and circular SiC particles are very close to the reported measured data for the Al
alloy-SiC systems. As the volume fraction of SiC increases, angular particles strengthen the composite
better than the circular ones do. According to the H–S lower bound, the circular shape in the numerical
model underpredicts the elastic modulus of the Al-SiC composite. Though these predictions (with
circular particles) fall off from the H–S lower bound, the data reported by Qu et al. [34] demonstrates
that the numerical predictions are reliable and the condition proposed in [29], is confirmed; while
the V–R bounds are not overtaken, the numerical model is reliable. However, the accuracy of the
numerical results must be checked by comparing the results to experimental data.

 

Figure 6. Effect of reinforcement content on the elastic modulus of Al-SiC composite. H–S bounds
(     ), experimental data [32–37], numerical data (square   ,, circle   ) and V–R bounds ( ).

The SiC square or angular particle reinforced Al matrix composites endure more load than
reinforced with SiC round particles as shown in Figure 7. This plot shows the stress ratio (stress in the
particle and the stress in the matrix, σp/σm) as a function of the reinforcement volume fraction. It is
considered that the composite remains elastic independently of the applied load [31]. It is found that
the square and circular particles endure the same load to the volume fraction up to 11%. However,
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above this reinforcement content, the angular particle endures more load. Then, the effective elastic
modulus of the MMC is independent of the particle morphology when the reinforcement content is
lower than 11%.

 
Figure 7. The portion of the external load borne by each of the constituents of the composite. Square
particle (blue) and circular particle (green).

3.2.2. Porous Al-Matrix and Pore-Free SiC Particle

The porosity significantly affects the mechanical performance of the composites. The porosity
increases as the weighting percentage of particles increases. In [21] it was found that the porosity
content of the Al composites varied from 1.01% to 2.69% with the increased SiC wt % from 0% to
25%. A parametric study was performed, where a similar increase-relationship between the amount of
porosity and the content of SiC particles is maintained; where the porosity increases as the volume
fraction of reinforcement do. Porosity content (volume fraction) varies from 0% to 3.1% with SiC particle
added from 1% to 31%. Figure 8 shows the surface plots of von Mises stress in the microstructure
when the Al-matrix is porous, and the SiC-particle is fully dense. These results are based on the
microstructure shown in Figure 1b. The maximum stress obtained in the square particle is about
0.5 MPa (Figure 8a). Whereas, for the circular particle, the maximum stress in the particle is 0.14 MPa
(Figure 8b). In both Al-matrixes (square and circular particle) high-stress concentration around the
pore is observed, with a value of about 0.2 MPa, however, the stress in the matrix is bigger than the
stress in the particle in the case of the circular reinforcement. As the stress in the SiC square particle
is higher than that of the Al-matrix, the load transfer remains effective despite the presence of pores
in the Al-matrix. In Figure 8b it is shown that the stress gradient at the interface of the SiC circular
particle and Al-matrix is low; namely at some points of the interface, the matrix and the reinforcement
endure the same load.
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(a) (b) 

Figure 8. Von-Mises stress distribution of 26% SiC particulate filled porous-aluminum matrix under
tensile loading. (a) Square shape and (b) circular shape.

3.2.3. Pore Free Al-matrix and Porous SiC Particle

Figure 9 shows the surface plots von Mises stress in the microstructure when the Al-matrix is
fully dense, and the SiC-particle is porous. These results are based on the microstructure shown in
Figure 1c. For the square porous particle (Figure 9a), the stress in the particle (maximum stress 0.44 Pa)
is greater than the stress in the matrix, which shows that strengthening of the composite is by transfer
load from the soft Al-matrix to the SiC hard particle. The stress concentration around the pore within
the particle is 0.35 Pa, while the stress located in the angles of the particle is 0.44 Pa. In the case of the
SiC circular particle (Figure 9b), the maximum stress in the particle is around the pore with a value of
0.42 Pa, while in the Al-matrix the stress is lower, so transfer load is also effective in this case. Stress
concentration around the pore is higher for the circular particles than square particles, which means
that circular porous particles are more prone to fracture than angular porous particles when pores
coexist inside the particles.

 
(a) (b) 

Figure 9. Von Mises stress distribution of SiC porous-particulate filled aluminum matrix under tensile
loading. (a) Square shape and (b) circular shape. The volume fraction of SiC particles and pore content
is 26% and 2.6%, respectively.
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3.2.4. Porous Al-Matrix and Porous SiC Particle

Figure 10 shows the surface plots of von Mises stress in the microstructure when the Al-matrix
and the SiC-particle are both porous. These results are based on the microstructure shown in Figure 1d.
In this case, the total porosity is divided into an equal content in the matrix and the particle; so, the pore
content in the matrix is 1.3%, while the pore content in the particle is 1.3%. The total pore content in
the composite is 2.6%. Figure 10a,b show that the stress concentration around the pore in the Al-matrix
is about 0.2 Pa in both cases (the square particle and circular one). However, the stress around the
pore in the SiC particle reinforcement is bigger for the circular particle (0.39 Pa) than the stress in the
pore located in the square particle (0.31 Pa). Therefore, when the matrix is porous, the stress gathering
around the pore within the particles is lower than when the matrix is fully dense. That means that
the pore in the matrix reduces the transfer load mechanism and more load is endured by the matrix
lowering the strengthening of the composite. For the square SiC particle, the maximum stress (in the
corners) is 0.5 Pa, while the stress in the Al-matrix is 0.2 Pa, this shows that the transfer load mechanism
from the matrix to the reinforcement remains despite the pore presence at the matrix and particle.

(a) (b) 

Figure 10. Von Mises stress distribution of SiC porous-particulate filled porous aluminum matrix under
tensile loading. (a) Square shape and (b) circular shape. The volume fraction of SiC particles and pore
content is 26% and 2.6%, respectively.

3.2.5. Porosity at Matrix–Particle Interface

Figure 11 shows the surface plots of von Mises stress in the microstructure when the pore is located
at the particle-matrix interface. For the square particle (Figure 11a), the stress in the particle (0.3 Pa) is
greater than the stress in the matrix (0.09 Pa), which shows that strengthening of the composite is by
transfer load from the soft Al-matrix to the SiC hard particle. The stress is concentrated at the particle
corners, but the highest stress concentration (0.5 Pa) is located at some contact points between the
particle, matrix, and pore. In the case of the SiC circular particle (Figure 11b), the stress concentration
is at all the contact points among the particle, matrix, and pore, and when compared to the square
particle, the stress intensity is two-fold. Moreover, the stress level in the particle (0.13 Pa) is a little bit
greater than that in the matrix (0.11 Pa). Therefore, in the case of the circular particles, the pores located
at the particle–matrix interface significantly affect the transfer load mechanism, whereas in the case of
the angular particles, the transfer load remains effective still because a relatively high proportion of the
externally applied load is endured by the particle. As mentioned in Ray [23] this type of porosity aid
the debonding of particles from the matrix under low stress, because the interface damage starts to
develop since the contact points among the particle matrix and the pores act as a stress concentrator, as
shown here.
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(a) (b) 

Figure 11. Surface plots of the von Mises stress for the composite reinforced by SiC particles of (a)
square shape and (b) circular shape. The volume fraction of SiC particles and pore content is 26% and
2.6%, respectively. Porosity at particle–matrix interface.

It is found that square particles carry much higher stress than matrix in the case of porous matrix
and fully dense particle (Figure 8a). Whereas, in the case of the circular particle, it carries much higher
stress than matrix when the particle is porous, and the matrix is fully dense (Figure 9b). From the
previous results, it can be seen that despite the presence of pore in the composite, stress transfer from
the soft matrix to the hard particle is effective in all cases, except in the case of fully dense circular
particle and porous matrix (Figure 8b), where the matrix endures more load than the particle. Then,
the transfer load is lowered, and this is reflected as a reduction in the elastic modulus of the composite
(Figure 12, black line with circular markers). Figure 12 shows the results gathered from the parametric
study to demonstrate the effect of the porosity in the elastic modulus of the SiC particle reinforced Al
matrix. In this parametric study, porosity content varies from 0% to 3.1% with SiC particle added from
1% to 31%. For the studied cases that consider coexistence of pores inside the particle and the matrix,
the greater impairing on the Young’s modulus of the composite was found to be in the case of the fully
dense particle and porous matrix. The lower impairing on the elastic modulus of the composite is
for the porous particle and fully dense matrix. Intermediate values on the impairing of the Young’s
modulus of the composite are for the case of porous particle and porous matrix, as well as the pore
located at particle–matrix interface when the particle is circular. For the square or angular particles, the
pore within the particle affects the load transfer mechanism in a similar manner to the pore located at
the particle matrix interface. These results mean that the elastic property of the composite is more
sensitive to the porosity in the matrix because the particles are stiffer than the matrix. The declining
trend for the elastic moduli is consistent in both the angular and circular particle shapes. In all cases,
the square or angular particles strengthen the composite when compared to the circular particles.
From the results, it is concluded that the disrupting of continuity in the composite by the presence
of pores causes elastic relaxation of the matrix, which leads to the reinforcement particles (angular
or circular) undergoing increased loads. Consequently, this leads to a relaxation in the particle, and
there is a drop in its stress gathering capability, and thus the resulting effective elastic modulus of the
Al/SiC composite decreases. Therefore, the data indicate that the porosity in the composite matrix is
the main cause in the impairing of the elastic modulus in MMC. In practice, the scatter of experimental
data on the elastic modulus is caused mainly by the porosity in the composite because the difficult of
experimentally reproducing the same porosity in the composite every test. Table 2 shows how the %
increment in porosity in the matrix reduces the elastic modulus of the composite. Moreover, despite
the volume fraction of the reinforcement is increased, if the porosity increase, the impairing on the
Young’s modulus is increased also. Therefore, the porosity plays a significant role in the strength of the
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composites, and for a given porosity in the matrix, it impairs the Young’s modulus in the same way
independently of the shape of the SiC-reinforcement.

Table 2. Porosity increase in the Al-matrix and its effect on the Young’s modulus of the composite.

SiC Volume
Fraction

10% - 20% - 30% -

Shape of the
Particle

1% in
porosity % reduction 2% in

porosity % reduction 3% in
porosity % reduction

Square
88.2 GPa *
80.8 GPa † 8.3 99.3 GPa *

85.1 GPa † 14.3 113.15 GPa *
94.7 GPa † 16.3

Circular
87.3 GPa *
80.0 GPa † 8.3 97.1 GPa *

82.9 GPa † 14.6 109.0 GPa *
90.2 GPa † 17.2

* Pore-free matrix † Porous matrix.

Figure 12. Effect of porosity in the elastic modulus of the Al-SiC composite. φSiC is the reinforcing
content and θ is the porosity content in the composite. Square markers are for the square particle while
circular markers are for the circular particle.

3.2.6. REV Models with SiC Particles Representing 2D Real Microstructures

The effective material properties are linked to the microstructure of composite. Therefore, the
global behavior of the material depends on the microstructure, and modeling of the microstructure is
as important as the prediction of global behavior. To visualize the difference between the material
properties predictions conducted by assuming a single SiC particle of simple geometry in a unit cell,
and those predictions of a cell model with several SiC particles exhibiting statistical homogeneity and
isotropy as the real microstructures. Thus, two cell models (REV approach) that display distribution
and orientation of particles of different sizes and shapes are established. The interactions between
the particles produce a complicated local stress field with high stress concentrations which depends
on the particle morphology. Figure 13 shows the developed microstructures. By comparing these
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microstructures with the experimentally obtained microstructures for SiC reinforced Al matrix
composites reported elsewhere, they are quite similar in the context that the position of the polygonal
particles are randomly defined, the particles present different sizes, shapes, and orientation. Hence,
these microstructures capture the same complicated mechanical interactions as the experimental ones
will do. The volume fraction of reinforcement is 12% (Figure 13a) whereas the pore content is 1.2% in
volume fraction (Figure 13b). The finite element implementation of these unit cell models is the same
followed in Section 2.2, with the main difference that in this section, a parametric study is not needed,
due to the volume fraction of the constituents is fixed. It is important to note that despite the shape of
some pores look like a circle, they are not perfectly circular.

Figure 13. Developed microstructures for Al-SiC composite. (a) Fully dense materials and (b) porous
materials.

Figure 14a,b show the surface plots of von Mises stress in the Al-matrix and the SiC particles,
respectively. The stress in the particles is larger than in the matrix, and the stress in the particles is
mainly concentrated in the sharp angular corners. These results are in agreement with the stress fields
shown previously in Sections 3.2.1–3.2.5. Moreover, the stress field magnitudes are similar for the
matrix as well as for the particles. The Young’s modulus of the composite using this microstructure
is 91.06 GPa, while Young’s modulus predicted by the unit cell (used in Section 3.2.1) is 89.35 GPa.
Evaluating the difference, this value is lower than 2%.

  

(a) (b) 

Figure 14. Von Mises stress distribution in (a) matrix and (b) particles. Constituents are fully dense.

Figure 15a,b show the surface plots of von Mises stress in the porous Al-matrix and the SiC
particles (some particles are porous), respectively. The presence of the pores within the composite
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produces higher stress in the matrix as well as in the particles, but the particles are under higher
stress when compared to the fully dense composite, indicating that the particles undergoing increased
loads. The stress is concentrated in the poles of the pores, in the sharp angular corners of the particles
and at the contact points among the particle, matrix, and pore. The Young’s modulus of this porous
composite is 86.6 GPa. The pore content of 1.2% (volume fraction), reduced the elastic modulus by
about 5% (from 91.06 to 86.6 GPa) despite the load transfer is increased. The mechanical behavior
observed within the structure of a real composite material under load, is similar to that observed in the
results of Sections 3.2.1–3.2.5. Thus, as the results computed with the UCs models are coincident with
experimental data, as well as with the results computed by the REV models, the conclusions drawn by
this research are confirmed. Therefore, the presence of the pores leads to a relaxation of the composite
and reduces its stress gathering capability.

  

(a) (b) 

Figure 15. Von Mises stress distribution in (a) matrix and (b) particles. Matrix is porous while particles
are both porous and pore free.

4. Conclusions

In the present work, 2D models (UC and REV approaches) and finite element analysis are used
to investigate the porosity effect on the SiC particle reinforced Al matrix composites. The reliability
of the numerical methodology was validated by comparing the numerical results against several
experimental data, micromechanical constitutive models, and structures that represent real composite
materials. The main results to be highlighted are as follows:

(1) In the case of fully dense SiC particles and fully dense Al-matrix, the square and circular particles
endure the same load to the volume fraction up to 11%. However, above this reinforcement
content, the angular particle endures more load. Therefore, the effective elastic modulus of the
MMC is independent of the morphology when the reinforcement content is lower to 11%.

(2) Despite the presence of pore in the composite, stress transfer from the soft matrix to the hard
particle is effective in all cases, except in the case of fully dense circular particle and porous matrix.

(3) For pores within the particles, the stress concentration around the pore is higher for the circular
particles than the square ones.

(4) The elastic modulus is more sensitive to porosity in the matrix, which is a common defect in MMC.
(5) For the square or angular particles, the pore within the particle affects the load transfer mechanism

in the same way to the pore located at the particle matrix interface.
(6) For the porosity at the particle–matrix interface, the contact points among the particle, matrix,

and the pore acts as a stress concentrator.
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(7) The porosity plays a significant role in the strength of the composites, and for a given porosity
in the matrix, it impairs the Young’s modulus in the same way independently of the shape of
the SiC-reinforcement.
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